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1. Introduction 
For many years hardness of bulk materials and thick coatings has been determined by optical analysis of 
indentation marks. The development of thin coatings deposited by techniques such as PVD and CVD, to 
improve wear resistance, led to the requirement to measure their properties at smaller scale. Initially such 
coatings were typically relatively thick (e.g. ~10 Pm) and microhardness measurements could be performed 
to determine their hardness. However, as the thickness of the films reduced the reliable determination of 
their hardness by conventional optical means became impossible. Depth-sensing indentation (DSI) 
instruments have been developed to address this need and have become increasingly popular. The test 
technique is also called instrumented indentation testing (IIT) or nanoindentation and has progressed 
sufficiently for standardisation to be required with the first international standard for depth sensing 
indentation being released in 2002 and is currently in revision [1]. Provided instruments are well-calibrated 
the data from nanoindentation tests are routinely analysed by well-established contact mechanics treatments 
to provide the reduced elastic modulus and the hardness (or more strictly the mean contact pressure) of the 
test sample [2-3]. Conversion between nanoindentation hardness and Vickers hardness requires a little care. 
In addition to knowledge of the indenter geometry the actual contact areas used in the two definitions of 
hardness are slightly different necessitating the need for a geometric correction factor. 
 
Over the last 25 years commercial nanoindentation test instruments (also called nanoindenters) have 
improved their resolution, their calibrations and their ability to very precisely position where the 
indentations are made to obtain highly localised and accurate mechanical property information. 
Additionally, they have expanded the range of test techniques beyond simple nanoindentation, with several 
including some capability for nanotribological measurements (e.g. nano-scratch and nano-wear testing) 
which has consequently greatly expanded their range of applications. There are a range of commercial 
nanoindenter designs, including electrostatic or capacitive actuation, and vertical or horizontal loading 
configurations. The design of one popular commercial test instrument, the NanoTest from Micro Materials, 
combines electrostatic actuation with horizontal loading and an open test platform that has enabled its 
further development into a true multifunctional nanomechanical/nanotribological test instrument where 
tests can be performed with a range of contact geometries (figure 1) and environmental conditions (figure 
2 illustrates the temperature and strain rate test envelope) [4]. The various tests provide complementary 
information and the data obtained can often more usefully map onto the actual conditions that the materials 
experience in use. It is becoming possible to move beyond basic characterisation to the development of 
increasingly accurate prediction of the surface behaviour. 
 
 
Figure 1: Range of nanomechanical testing capability in a commercial instrument (NanoTest) 
 
 Figure 2: Temperature and strain rate test capability in a commercial instrument (NanoTest) 
 
2. Nanoindentation 
 
2.1 Contact mechanics theory 
 
 
Figure 3: Nanoindentation curves on fused silica, single crystal tungsten and sapphire (0001) 
 
Illustrative nanoindentation curves on fused silica, single crystal tungsten and sapphire (0001) with a sharp 
pyramidal Berkovich diamond indenter are shown in figure 3. For a given indenter geometry the load-
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contains information about the elastic and plastic properties of the sample under test. The slope of the 
unloading curve at any point is called the contact stiffness. In this analysis, the reduced modulus, Er, is 
calculated from the stiffness at the onset of the unloading S and the projected area of contact between the 
probe and the material Ac as 
c
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where Eis the correction factor for the shape of the indenter. There is some on-going debate over the exact 
value though Eis commonly taken as 1.034 for the Berkovich indenter geometry. The reduced indentation 
modulus, Er, is directly determined in a nanoindentation test (also referred to as E¶+owever, the plane 
strain modulus, E* = E/(1-Q2), can also be quoted (e.g. in ISO14577 [1]) and when reporting 
nanoindentation data it is therefore necessary to specify clearly which modulus is being reported (Er, E* or 
E&RQYHUVLRQRIWKHGLUHFWO\PHDVXUHGUHGXFHGPRGXOXVWRWKH(ODVWLF<RXQJ¶VPRGXOXVRIWKHVDPSOH
requires that its Poisson¶V ratio be known or can be reliably estimated. As elastic displacements occur both 
in the specimen and in the indenter (the indenter is not completely rigid), the elastic modulus of the sample 
is calculated from Er using 
i
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where E and Ei, Q and Qi are the elastic modulus and the Poisson ratio of the tested material and indenter, 
respectively. For diamond indenters, Ei and Qi are 1141 GPa and 0.07, respectively. When a diamond 
indenter is used (i) on fused silica with Q = 0.17, a reduced modulus of 69.6 GPa gives E = 72 GPa (ii) for 
ceramics and hard coatings Q is typically 0.2-0.25. For sapphire with Q = 0.235, an Er of 314 GPa is 
equivalent to E = 410 GPa. (iii) For tungsten with Poisson ratio = 0.28, Er = 320 GPa converts to E = 409 
GPa. The mean pressure or hardness (H) can be calculated as 
cA
PH  
 (3) 
where P is the applied load. Nanoindentation hardness is defined as the load divided by the projected contact 
area. However, in the definition of Vickers hardness the actual rather than projected area is used resulting 
in a geometric scaling factor of 0.927 [5] and after correction for units a final relation of  
 
HV = 0.094545 HIT  (4) 
 
where HV = Vickers hardness and HIT is the depth-sensing indentation hardness.  
 
2.2 Practical considerations 
 
2.2.1 Reference materials for calibration 
Fused silica has proved the most popular material for calibrating nanoindentation instruments and the test 
probes (indenters) they use. It is inexpensive, highly polished, mechanically homogeneous and has 
relatively little time-dependent behaviour due to its high melting point (~1650 qC). Typically its mechanical 
properties are quoted as H ~9.2 GPa, E = (72 +/- 1) GPa and Poisson ratio = 0.17. In practice actual values 
may vary slightly from different suppliers. For example, a recent certified reference sample obtained from 
the UK National Physical Laboratory was supplied with E = 73 GPa and Poisson ratio = 0.16. 
 
Despite being a default a reference sample popularly used for both area function and frame compliance 
calibration, its mechanical behaviour in indentation is actually complex. Kermouche and co-workers noted 
that whilst normal glasses exhibit little densification on indentation anomalous glasses exhibit large 
densification and different fracture behaviour, and fused silica, which is the most anomalous silicate glass 
of industrial interest, can achieve 20% densification after indentation [6]. Its behaviour is more complex 
than is generally supposed since (i) its near surface properties may be reduced by hydration (ii) it is an 
anomalous glass whose elastic modulus increases with temperature [7] (iii) contact area determination can 
be influenced by radial dilation due to its high H/E [8] (iv) densification occurs under the indenter (v) 
cracking occurs at high load, dependent on the acuity of the indenter [9] (v) by having a very high H/E ratio 
its sensitivity to small errors in frame stiffness was rather low.  
 
Calibrations of test instruments can be more robust if supplemented by measurements into a metallic 
reference material with lower H/E such as Aluminium or Tungsten. ISO145577 recommends the use of two 
materials of dissimilar E. An example of a successful calibration is shown below [10]. 
 
Table 1 multiple reference sample calibration (after [10]) 
 
Reference sample E Experimental (GPa) E Expected (GPa) 
Fused Silica 71.8 ± 0.4 72 
Tungsten 417.5 ± 4.6 410 
Steel 220.5 ± 1.5 220 
 
 
2.2.2 Choice of loading ramp 
The standard contact mechanics treatment of the unloading curve data used to determine H and E is 
essentially based on elastic contact mechanics with no provision for time-dependency. It is important that 
time-dependent behaviour does not influence the accuracy of the elastic modulus so the experimental 
conditions (load history) should be modified accordingly. Chudoba and Richter have detailed the problems 
that can occur when the holding period at peak load is too short [11]. For soft metals, the combination of 
slow loading, a long hold at peak load and a fast unload ensures that the contribution of non-elastic 
behaviour during unloading is minimized, or negligible in most cases. An alternative approach currently 
beginning to find favour is to develop more complex analytical treatments that can handle the time-
dependency. 
 
2.2.3 Instrumental (thermal) drift 
Since nanoindenters measure very small displacements high accuracy is required, i.e. data should not be 
influenced by any thermal or mechanical drift during the test duration. For less thermally stable instrument 
designs, a practical solution has been to indent as fast as possible, although as mentioned above this fast 
loading and low hold time at peak load may result in some anelastic deformation during unloading for 
highly creeping materials. For all instrument designs it is important that when holding for a thermal drift 
correction (typically on the surface under the contact load immediately prior to the loading ramp and/or at 
90% unloading) that deformation due to creep or creep recovery is not erroneously thought to be due to 
thermal drift. An excellent example of this is the continuing extensive creep recovery that occurs on all 
polymeric materials. For highly stable nanoindenters this can be x100 greater than the real thermal drift so 
mistakenly correcting data for it introduces error. Similarly if the sample is very soft (e.g. solder) then the 
initial load for thermal drift should not be used as deformation during this period is likely to be dominated 
by creep rather than drift. 
 
2.2.4 The international standard for depth-sensing indentation - ISO 14577 parts 1-4 
The International Organisation for Standardisation (ISO) has released an international standard ISO 14577 
parts 1-3 HQWLWOHG³0HWDOOLFPDWHULDOV± Instrumented indentation test for hardness and materials parametHUV´
in 2002, with Part 1 Test method, Part 2 Verification and calibration of machines, Part 3 Calibration of 
reference blocks. The recent extension to the ISO indentation standard (ISO14577 Part 4 - Test Method for 
metallic and non-metallic coatings) is also concerned with experimental best practice for the determination 
of accurate hardness and elastic modulus of coatings independently of the influence of substrate. This is 
discussed further below. 
Continuing time-dependent deformation during unloading affects the accuracy of the analysis of the 
unloading curve which assumes elastic behaviour. In general a reliable strategy for minimising/eliminating 
any influence of time-dependency is a combination of (1) slow loading (2) suitable hold period at peak load 
(3) fast unloading. This is illustrated schematically in figure 4 (a). During the hold period the creep rate 
decreases sufficiently that the continuing anelastic deformation during the faster unload is minimal greatly 
increasing the accuracy of the elastic assumption in the unloading analysis. Figure 4 (b) shows continuing 
creep during 30s hold at peak load at 500 mN on single crystal Al and figure 4 (c) shows nanoindentation 
curves from 100-500 mN on single crystal Al. 
  
 Figure 4: (a) Illustrative nanoindentation loading history for a metallic sample (b) indentation creep 
during 30s hold at peak load at 500 mN on single crystal Al (c) nanoindentation behaviour at 100-500 
mN on single crystal Al 
The suitability of the elastic unloading analysis for polymeric materials that show pronounced viscoelastic 
behaviour has been questioned for the same reasons. Nevertheless, a similar approach to that recommended 
above for metals has recently been applied to a range of commercial polymers by Young and co-workers 
at NPL [12]. The elastic modulus measurements showed reasonably good agreement with supplier quoted 
values (presumably from bulk methods) and a new atomic force microscopy technique using Hertzian 
contact mechanics. Dub and co-workers found non-constant elastic modulus vs. load for copper samples 
when following the ISO14577 approach [13]. The complex non-linear behaviour found was considered to 
arise from limitations to this method. Whilst the ISO standard does have some deficiencies and 
simplifications, in this case it is not clear that at least some of the experimental trend observed might have 
been due to the load history employed (constant loading and unloading time, in conjunction with no obvious 
hold at peak load for creep). 
2.2.5 Surface roughness 
It can be beneficial to make measurements over a wide load range, and instrumentation with a restricted 
load range has limitations for (1) testing on rougher surfaces (2) the accuracy of the extrapolation for 
coating-only modulus determination (3) investigating fracture behaviour. For results to be completely free 
of surface roughness the ISO standard recommends that the indentation depth be x20 greater than the Ra 
surface roughness [1]. Therefore, provided the coating is sufficiently thick that the plastic stress field does 
not extend into the substrate, measurements at larger load will show smaller scatter due to roughness. If 
roughness is high then confidence can be increased by performing a much larger number of measurements. 
For arc-deposited PVD wear resistant coatings designed for cutting tools the surface roughness can be 
typically Ra = 0.1 Pm or more requiring 30-40 indentations. The use of a calibrated contact load which can 
be increased for rougher samples (as in the NanoTest) is an additional way to mitigate the effects of high 
roughness. Some nanoindenter designs use a reference ring method to subtract out some thermal drift but 
such approaches can prove problematic for rough samples and/or complex sample geometries. Schwarzer 
and co-workers commented that it was impossible to repeatably test thick (Ti,Al)N and CrN coatings with 
such an instrument due to high surface roughness [14].  
 
 
2.2.6 Determination of frame compliance 
Removal of the contribution of elastic bending of the nanoindentation instrument from the raw data is 
required before analysis to determine H and E. Frame compliance is the inverse of stiffness. It is common 
to use compliance rather than stiffness as the relationship is simply 
Ct = Cs + Cf (5) 
Accurate determination of this frame compliance of the instrument is therefore essential, particularly for 
reliable modulus measurement. This can be done by direct or indirect methods. ISO 14577 describes both. 
The direct approach is less well-established but assumes nothing about the elastic properties of a reference 
material or the reliability of the contact mechanics and may prove increasingly popular in future. In 
principle a rigid contact is made between the load application part of the instrument and the rest of the 
frame so that all the measured deformation results from the compliance of the frame with a zero contribution 
from sample compliance [15]. The indirect method is much more common and relies on the sensitivity of 
the reference material(s) to the instrument stiffness and to the accuracy of the indenter area function used.  
 
Figure 5: Indentation curve on single crystal tungsten after correction of frame compliance together with 
simulated curves with the frame compliance incorrectly determined 
As an illustration of this, figure 5 (a) shows the indentation curve on a tungsten reference sample analysed 
with the correct frame compliance of 0.38 nm/mN for the instrument used. Figure 5(b) shows the true 
indentation behaviour together with simulated curves corrected for frame compliance of (0.36 + 0.1) and 
(0.36 ± 0.1) nm/mN rather than the correct value. The high sensitivity of the tungsten reference sample to 
the value of the frame compliance used in the calculation is due to its low H/E ratio. Since accurate frame 
compliance also requires an actual area function, the use of multiple reference samples is attractive. ISO 
14577 recommends the use of two reference samples with widely differing elastic modulus. Accurate frame 
compliance calibration is even more important as the load increases into the micro-range since the 
proportion of sample compliance to frame compliance decreases. 
2.2.7 Determination of the area function 
This can be done directly or indirectly. In common practice the area function is determined indirectly by 
indentations over a wide depth range into a homogeneous material with known elastic modulus (e.g. fused 
silica), with more measurements at the lower loads. A function is then generated which relates the projected 
contact area and the contact depth so that a constant reference value of elastic modulus is returned over the 
fit range. The relationship between area and depth for an ideal Berkovich indenter is Ac = 24.56h2. In 
practice all indenters are slightly rounded at the very apex and area functions are usually improved by the 
use of more measurements at lower load in the fit so that the relationship is accurate in this range. Area 
functions can be simple or apparently complicated relationships. On the simpler side, a function of the type 
Ac = Ah + Bh2 is a reasonably robust approach which can often deliver modulus measurements to within 
about 2% of literature values across a wide depth range. It has the advantage of being able to be used to 
estimate the shape for depths above which calibration data exist so that measurements can be made on very 
soft materials. Nevertheless, not all pyramidal indenters are well fitted by such a simple relationship and 
polynomial fits (e.g. from 2nd order to 5th or more) or spline fits can be preferable in many cases. However, 
higher order polynomials should not be used outside of their fit range as they will diverge strongly. Another 
limitation of using fused silica is that above a threshold load (ISO14577 suggests 75 mN for a Berkovich 
indenter but the exact value will depend on indenter sharpness) it cracks. Although such cracking is 
relatively minor for the Berkovich geometry compared to indenter geometries with more acute angles where 
discontinuities can clearly be seen in the loading curves, the cracks are clear in SEM images of indentations 
and there will presumably be some subtle effect on the load-displacement curve even if obvious pop-in type 
features are absent. 
 
ISO also notes the possibility of more directly measuring the area function with a traceable (metrological) 
AFM. This has the potential advantage that any issues concerning the accuracy of the contact mechanics 
used in the analysis such as radial dilation on fused silica [8] are eliminated but the AFM measurement 
itself may be subject to some uncertainty, particularly at shallow depths. Dub and co-workers have 
suggested that AFM measurements are typically subject to up to 7% error [13]. Nevertheless, in future the 
AFM-based calibration may become more popular, particularly for certifying the geometry of master 
indenters for cross-calibration purposes. For day-to-day calibration the indirect method is expected to 
continue to remain popular as the most convenient way to assess any changes in geometry of an indenter, 
e.g. after continued indentations into a hard tool coating or steel. In practice the area functions of new 
indenters can change significantly but often approach a quite stable, but not very sharp, geometry after a 
period of sustained usage. 
 
2.2.8 Zero point correction 
Precise surface detection and assignment of the exact point at which the initial contact was made are 
important requirements for accurate hardness and elastic modulus measurements, particularly at shallow 
depths. There are different strategies for doing this, based on whether pre-contact data are acquired or not. 
In one commercial instrument the zero point is defined by default at the position where the contact stiffness 
exceeds 200 N/m (~ x2 instrument spring stiffness). Moseson and co-workers have criticised this as being 
insufficiently reliable since they found it can lead to a false zero several hundred nm away from the actual 
point [16] although it is in widespread usage. The other main approach does not require pre-contact data, 
with surface detected when a pre-set contact force is reached. In the NanoTest, for example, the spring 
stiffness is typically x10 lower than in other nanoindenters and the initial contact force can be varied over 
a wide range (e.g. 0.5-50 µN) if required (minimised for accurate measurements in low-vibration 
environments, or significantly higher to combat high roughness and/or vibration levels). Since there is 
always some elastic deformation occurring before this point it is then necessary to correct the displacement 
data for the missing depth either assuming Hertzian (since even sharp indenters always have some rounding 
at the tip) elastic loading, or more generally power-law or linear extrapolation, as suggested in the ISO 
standard. An example of a Hertzian correction is given by equation 6 [5]. 
 
F = C(h ± h0)1.5 (6) 
 
When indenting into a bulk material with well-known elastic properties it is therefore possible to back-
calculate the radius of curvature at the tip, provided the data used are only to a small fraction of the radius, 
using equation 7. Chiang and co-workers have noted that for the Berkovich the transition between the 
spherical end cap and the pyramidal shape occurs at hc = indenter radius/4 [17]. 
 
P = 4/3Er(Rh3/2) (7) 
 
 
 
2.3 Indentation size effects 
 
The onset of non-elastic deformation and the associated critical load can be marked by a displacement 
excursion D³SRS-LQ´ or change in slope but this is not often the case, particularly for sharper indenters. 
Below this point the indentation behaviour is fully elastic. It is often called the elastic-plastic transition and 
it marks the onset of dislocation motion in metallic materials, but in semiconductors pop-ins may be caused 
or complicated by phase transformation events occurring once a critical pressure is reached (e.g. pop-ins 
on Si usually occur when the contact pressure rises to about 12 GPa [18]). Sapphire is another material that 
can show well defined pop-in behaviour [19]. Dub and co-workers observed clear pop-ins of >50 nm on 
Cu (111) and Cu(100) at around 0.5 mN when using a 407 nm tip radius (blunt) Berkovich [13]. They 
reported mean pressure values at the moment of homogeneous nucleation of dislocations (i.e. at the pop-in 
load) for Cu (111) and Cu (100) surfaces of 16.8 and 9.3 GPa respectively. Before yield metallic materials 
can support much higher contact pressure than their hardness post-yield. 
Various indentation size effects (ISEs) can be observed, with hardness either increasing or decreasing as a 
function of depth. Several theories have been proposed to explain the most common ISE where hardness 
increases with decreasing indenter load, as in the example on tungsten shown in figure 6.  
 
Figure 6: Polycrystalline tungsten shows a strong indentation size effect in hardness. 
Arguably the most popular is gradient plasticity theory where geometrically necessary dislocations (GNDs) 
are generated under the indenter due to strain gradients. Decreasing the indentation size results in a greater 
density of GNDs and hence to higher measured hardness. The theory predicts that the total dislocation 
density within the plastically deformed volume varies as 1/hc, so that H2 Į 1/hc. Nix and Gao fitted the 
hardness vs. depth dependence with a two parameter model, finding good agreement on a range of metals 
above indentation depths of 150 nm [20]. The two parameter model is shown in equation 8 
 
H/H0 = [1 + (h*/h)]  (8) 
 
where H0 and h* are constants obtained by fitting. Starink and co-workers have recently shown improved 
agreement at low depths by taking into account the rounding of the indenter [21]. They were able to apply 
their model to predict (i) the hardness of UFG Al-1050, a material with previously unknown ISE, to below 
150 nm and (ii) dislocation densities from indentation data, finding good agreement with published 
dislocation density data for single crystal copper. In an interesting and as yet unvalidated idea Milman and 
co-workers have recently proposed a phenomenological approach to the problem of ISEs [22]. They noted 
that in general an empirical power law dependence is found; i.e. P ~hm where m | constant. Plotting log P 
vs. log h provides the exponent m. Alternatively, H = Ahi where A and i are constants and i = m - 2. These 
authors propose recalculating hardness of metals to a fixed depth of 1000 nm to enable comparison of 
studies at different loads. 
 2.4 Choice of indenter geometry and stress-strain curves 
Sharp indenters induce full plasticity at low load so that the mean pressure measured in the test is the 
hardness of the material. In general for a conical indenter the strain is proportional to the tangent of the 
cone angle and so is constant at different indentation depths (for a pyramidal indenter there is an equivalent 
angle). Blunt indenters, or spherical geometries, do not always generate full plasticity immediately and 
more force may be required. The strain induced by a spherical indenter is proportional to a/R and is a 
function of depth. This suggests the possibility to generate stress-strain curves by indentation, with the load 
partial unload technique being able to generate the entire stress-strain curve in a single test. The stress-
strain curve in a tensile WHVW FDQ SURYLGH WKH IROORZLQJ LQIRUPDWLRQ IRU VWUXFWXUDO GHVLJQ L <RXQJ¶V
modulus (ii) yield stress (iii) work hardening exponent (iv) ultimate tensile stress (v) strain at failure. 
Tensile tests suffer from limitations in specimen size and reproducibility and the possibility to obtain 
equivalent information from indentation is being actively investigated by several research groups. With 
FEA it is possible to generate the indentation curve from tensile stress-strain data but it is more challenging 
to uniquely solve the inverse problem and generate a tensile stress-strain curve from indentation data. Three 
main methods are (i) representative stress and strain (ii) inverse analysis by FEA (iii) neural networks. 
Residual stress is an added complexity, with the indentation force required to reach a given depth under 
tensile stress being lower than in the stress-free state and under compressive stress the force required is 
greater. 
 
2.5 Plasticity index and H/E 
Plasticity in contact is governed by the roughness and elastoplastic properties of the contacting surfaces. In 
an indentation contact plasticity is directly correlated with the ratio of hardness (H) and elastic modulus (E) 
[23,24]. For a given indenter geometry the load-displacement curve recorded in a nanoindentation test can 
EHWKRXJKWRID³ILQJHUSULQW´IRUDPDWHULDODVLWFRQWDLQVLQIRUPDWLRQDERXWWKHHODVWLFDQGSODVWLFSURSHUWLHV
of the sample under test. A useful dimensionless property is the plasticity index (PI) which is the plastic 
work done during indentation (Wp) divided by the total elastic (We) and plastic work done during the 
indentation, over a wide range of H/E values, with the relationship taking the apparent form 
 
PI = Wp/(Wp + We) = 1 ± x(H/Er) (9) 
 
where x is a constant and Er is the reduced indentation modulus. Prior to the development of 
nanoindentation, a plasticity index was proposed that related the deformation in rough contacts to the ratio 
of Er/H multiplied by a geometric factor [25]. This original plasticity index is a general surface texture 
parameter that combines material and topographic properties of solids in contact. The equation originally 
developed by Greenwood and Williamson [25] is shown in Eqn. 10.  
 
\ = (Er/H)(V/E) (10) 
 
where \ = a plasticity index, V = standard deviation of the height of the contacting asperities and E = their 
average radius. Plastic deformation of asperities occurs even at minimal contact pressure when \!!1 but 
when \0.6 deformation is largely elastic and plastic contact can only be caused if surfaces are forced 
together under very large nominal pressure. Although equations 1 and 2 differ in form both these plasticity 
indices reflect essentially the same behaviour with varying mechanical properties i.e. increasing H/E results 
in a lower plasticity index and more elastic contact [26]. Provided H/Er is not greater than about 0.1 a good 
approximation to experimental data is given by Equation x although there is significant non-linearity above 
that and Chudoba and Jennett have noted that it should not be possible to produce plasticity with a 
Berkovich beyond H/E = 0.18 [8]. FEA gives x ~5 [15]. Beake and co-workers have reported that with 
several different Berkovich indenters values around 6-7 were found over a wide range of indentation peak 
forces for coatings and bulk materials such as copper, aluminium, tungsten, bearing steel, stainless steel 
and WC-Co, whilst only fused silica and K7 glass show lower x values very close to those predicted by 
Cheng and Cheng [26, 27]. H/E is well correlated with how elastic the contact is in other related mechanical 
contact situations such as scratching/sliding [28-30] or impact/erosion [31, 32]. Higher values result in 
higher critical loads for the onset of yield (non-elastic deformation) in indentation or scratch testing.  
 
 
2.6 Hardness and elastic modulus of coatings 
An often quoted rule of thumb is the so-called 1/10 rule where the relative indentation depth (RID = 
indentation depth/coating thickness) should be less than 0.1 to determine coating-only properties 
independently of the substrate [1,5]. In practice this usually works well for hardness but less well for elastic 
modulus. The ISO standard recommends Berkovich indenters should be sharper than 250 nm end radius 
for hardness measurement. Whilst this may not be really necessary for thicker coatings, sharper indenters 
are preferable for hardness measurements on very thin films. Accurate hardness measurement of a coating 
relies on development of a fully plastic zone within the coating. If the applied load is too small then the 
results can be influenced by surface roughness and the plastic zone may not be fully developed. If the 
applied load is too large then the plastic stress field may extend beyond the coating-substrate boundary and 
the measured response is therefore a composite of the plastic properties of both the coating and the substrate. 
Theoretical models based on approaches such as weighted area or volume law-of-mixtures have been 
developed to estimate the coating-only hardness from this composite response, with later work focussing 
on energy-based (work of indentation) models that have been adapted to include the effects of both 
plasticity and cracking [33]. 
As mentioned above, the elastic modulus measured at RID = 0.1 can be a poor estimate of the coating 
modulus, especially when there is a large elastic mismatch between coating and substrate. For example, 
Korsunsky and Constantinescu have predicted that when a coated system of Ec = 500 GPa, Es = 100 GPa, 
Qc = 0.2, Qs = 0.3 (i.e. approximating to a stiff ceramic coating deposited on a much less stiff metallic 
substrate) is indented with a conical indenter the modulus is 25 % lower at a RID of 0.1 than the true coating 
value [33]. ISO14577 part 4 recommends making measurements over a range of indentation depths, 
provided that a/tc is less than 2.5, and extrapolating to zero depth to obtain a value of the coating modulus 
independent of substrate. In practice a linear extrapolation is a fairly robust approach which usually yields 
improved values from those determined from measurements to a RID of 0.1, although measurements to 
RID of 0.03-0.05 can also work well. 
2.7 Ultra-hard coatings 
Accurate and traceable calibration by methods such as ISO14577 can help validate or question the 
mechanical properties of new coatings. Veprek and co-workers have claimed deposition of ultra-hard 
QDQRFRPSRVLWHFRDWLQJVZLWKKDUGQHVVRI*3D(i.e. higher than diamond) [34]. This highly contentious 
claim has been the subject of an excellent critical review by Fischer-Cripps, Bull and Schwarzer [35]. These 
authors have provided compelling evidence for these reported hardness values to be over-estimated by a 
factor of |2. They were able to show that the analysis approach taken by Veprek and co-workers that 
obtained the correct hardness of a ultra-hard sample of known properties (industrial diamond) nevertheless 
under-estimated the elastic modulus by a factor of |3 proving that the calibration and analysis method was 
not accurate. Additionally, since the elastic modulus of the nanocomposite coatings in question was only 
in the region of 450 GPa, it should theoretically not be possible to produce coatings with hardness over |65 
GPa due to the limit in H/E with a conical indenter. 
2.8 Depth profiling 
There are three popular methods for obtaining properties such as hardness, modulus and contact stiffness 
as a function of depth. These are (i) performing indentations to differing peak loads (ii) dynamic indentation 
(otherwise known as continuous stiffness measurement, or CSM) (iii) multi-cycle loading (or load-partial 
unload testing). The most obvious, although quite time-consuming, is simply to perform indentations at 
different locations with different peak loads and consequently stress fields. The CSM method has recently 
been called into question by Cordill and co-workers who noted that the oscillation used with dynamic 
indentation techniques alters the measured hardness value of ductile metallic materials, especially at depths 
less than 200 nm [36]. The alteration in the hardness is due to the added energy associated with the 
oscillation which assists dislocation nucleation. In other words, there is inherent risk in trying to determine 
properties by oscillation as you are completely changing the dislocation density of the material you are 
trying to measure.  
However, provided the test instrument has good thermal stability nanoindentation experiments can easily 
be performed over longer duration as multi-cycle tests, enabling effective hardness and modulus 
determination as a function of depth without risk of altering the surface of soft materials by imposing an 
oscillation. Figure 7 shows an illustrative load-partial unload test result for a hard diamond like carbon 
(DLC) film deposited on silicon. The inflexion in the curve marks the point at which the plastic stress field 
is no longer completely within the coating and the measured hardness becomes a composite response of the 
coating and the softer substrate.  
 
Figure 7: A 50-cycle load-partial unload test on a 2 Pm DLC film on Si. The inset shows variation in 
hardness with depth from repeat tests 
2.9 Mapping and positioning 
 
Nanoindentation instruments have precision stages enabling accurate positioning in discrete phases to 
obtain highly localised mechanical property information. Experiments are typically performed as large 
automated arrays (e.g. 10 x 10 or 20 x20 grids of indentations) or more focussed tests involving a smaller 
number of indentations precisely positioned in the phases of interest. 
 
 
Figure 8: A grid of 400 indentations into Ti6Al4V reveals subtle mechanical property variations across 
the surface 
 
An example of grid mapping is shown in figure 8. Here 400 indentations have been made into a Ti6Al4V 
aerospace alloy as a 20 x 20 grid. Average values of hardness and reduced elastic modulus were (4.5 ± 0.5) 
GPa and (139.7 ± 7.5) GPa respectively. More information is revealed in the hardness and modulus maps, 
with distinct areas of lower mechanical properties. Indentations can be placed closer together (e.g. 1-2 Pm 
pitch) to obtain higher resolution maps. In the example below inclusions of an Al7Cu2Fe intermetallic phase 
can be seen to have completely different mechanical properties to the bulk matrix. 
 
 
Figure 9: Mapping the mechanical properties of an intermetallic inclusion in a 7000 series Al alloy 
 
2.10 Fracture toughness 
Depending on load, material, indenter geometry and environment, five major types of cracks occur in the 
indentation of brittle bulk materials or thick coatings [37]. These are: (a) cone cracks (b) palmqvist radial 
cracks (c) median cracks (d) lateral cracks (e) half-penny radial cracks. Fracture toughness can be 
determined from the crack systems by either stress-analysis-based or energy-based models. The application 
of these to the determination of the fracture toughness of thin coatings has been well summarized in an 
excellent recent review by Chen [38]. Lawn and co-workers showed that for a well-developed radial/median 
crack system i.e. half-penny like cracking caused by indentation that the Kc fracture toughness of the 
material was proportional to the applied load multiplied by the average crack length c raised to the power 
of -3/2 [39] (equation 11).  
 
Kc = C(E/H)1/2P/c3/2 (11) 
 
where C is a geometry constant commonly taken as 0.016 for Berkovich or Vickers and 0.032 for cube 
corner indenter geometries. However, as the thickness of the coating is reduced it becomes more difficult 
to apply this equation due to the interference of the substrate and interface with the coating crack system. 
If the load is reduced to avoid this complication then the crack system is not sufficiently well developed to 
apply the analysis. For thinner coatings the energy-based models refined by Bull and Chen can be more 
applicable [40]. 
 
2.11 Micro-pillar compression, micro-cantilever bending and push-out tests 
 
Introducing an indenter into a sample surface produces a complex stress field which can make determination 
of mechanical properties more challenging. A sharp indenter such as a Berkovich will drive plasticity 
almost immediately on contact. Whilst this is required in order to measure hardness it does present 
limitations when material behaviour within the elastic limit is to be investigated. Additionally, as an 
indenter continues to penetrate a sample surface, an exponentially increasing volume of material becomes 
involved in the deformation. As the indentation progresses, there will constantly be new material entering 
progressively advanced stages of deformation and this can create difficulties in understanding the 
deformation mechanisms at work. In macro-scale experiments such problems are obviated by using tensile 
or compressive load application to a sample of a known cross-sectional area. This produces a constant stress 
at any given point along the specimen (at least until plasticity is initiated locally). Modern sample 
preparation techniques, in particular Focussed Ion Beam (FIB) milling, now allow the manufacture of 
microscopic equivalents of the samples used in the conventional macro-scale techniques. The most popular 
sample geometry used is the micro-pillar [41-43]. There is also growing interest in Micro-cantilevers (or 
³bend bDUV´) which may be produced using the same technique.  
 
Micro-pillar Compression  
 
For almost a decade now interest has been growing in the field of micropillar compression experiments. 
Uchic et al used the technique to demonstrate size effects on the measured strength of Ni and three Ni based 
alloys [41]. They demonstrated that micro-pillars of practically manageable dimensions (0.5 to 40 µm 
diameter) were sufficiently small to show the relationship between strength and volume based phenomena 
such as dislocation nucleation and movement. Once the pillars have been produced they are carefully 
positioned in front of a flat topped indenter commonly known as a flat punch. This is achieved by 
positioning the sample precisely in the crossKDLU RI WKH QDQRLQGHQWHU¶V PLFURVFRSH WKHQ Poving to the 
indenter position (the vector from microscope cross hair to indenter centre is calibratable and automatically 
executable on most nanoindenters to better than 1 µm precision). Once in position the load is applied to the 
micropillar using the flat punch indenter. The example below shows a load vs. displacement trace from a 
micropillar compression experiment. As can be seen, the data are easily converted to engineering stress and 
engineering strain due to the dimensions of the micropillar being well characterised and there being no 
constraining material surrounding that being tested. 
 
Although pillars are the most common geometry for microcompression experiments, other structures have 
been tested. By compressing of variously shaped wall-like structures with differing length-to-width ratio 
Jennett and co-workers provided evidence that yield strength is determined by the smallest dimension of 
the structurH³WKLQQHVV´>]. Their results showed that yield stress was determined by wall width with 
length playing little or no effect. 
 
Micro-cantilevers  
Micro-cantilevers are produced in a similar manner as micro pillars. A FIB is used to cut out an elongated 
three sided trough leaving and island of material of the length and width of the required cantilever. The FIB 
is then re-orientated such that it can be used to undercut the cantilevers, allowing them room to deform as 
the load is applied. 
 
 
Figure 11: SEM image of two micro-cantilevers cut into a silicon wafer. These samples have been 
prepared for brittle to ductile transition experiments over a range of temperatures and as such have had 
a crack initiation notch machined into them near their roots. These cantilevers are 4 µm wide and 15 µm 
long. Image courtesy of Dr David Armstrong, University of Oxford. 
 Similarly to micropillars, micro-cantilevers may be targeted using an integrated optical microscope but 
more commonly a 3D imaging stage is used. This allows the cantilever to be imaged whilst mounted on the 
nanoindenter. The sample is mounted on a high precision feedback controlled piezoelectric stage. The 
sample is either raster or bi-directionally scanned whilst the indenter is held on the sample surface under a 
very low load (~1 µN). The scan parameters are defined by the user, these include the dimensions of the 
imaged area and the resolution of the image (number of scanned lines). A 3D image of the sample is 
produced from a combination two sets of coordinates from the piezoelectric stage and the third set of 
coordinates from the indenter depth sensor. 
 
 
Figure 12: '³QDQRSRVLWLRQHU´Lmage of cantilevers machined into W. Note that the true cross-section 
of the cantilevers is not see due to the geometry of the Berkovich indenter used for imaging. Image size is 
50 µm x 50 µm 
 
The resultant image may then be used to select the point(s) at which the indenter is applied to the cantilever 
to apply the bending load. The distance between the root of the cantilever and the chosen contact point(s) 
are easily determined from the 3D image and as such the stiffness of the cantilever may be determined once 
the bend test has been completed. The stiffness value may then be used to determine the elastic modulus of 
the sample material using beam theory. This approach is well documented by Armstrong et al. [45] where 
cantilevers were FIB machined into selected copper crystals whose orientations had been previously 
characterised by Electron Back Scatter Diffraction (EBSD). The combination of the data from both 
techniques demonstrated the anisotropic nature of mechanical properties as a function of crystal orientation. 
 
Fibre push-out 
The most performance critical aspect of a fibre reinforced composite material is the strength of the bond 
between the matrix and the reinforcing fibres. It is therefore desirable to be able to measure the strength of 
this interface. One technique for making such a measurement is the fibre push-out test. These tests are 
undertaken using a nanoindenter fitted with a flat punch indenter. The target fibre is selected under the 
instrument microscope and the sample moved to the indenter position such that the indenter contacts 
concentrically on the selected fibre. Jouannigot et al [46] have used this technique to mechanically 
characterise the fibre/matrix interface of carbon/carbon composites. 
 
  
Figure 13: (a) and (b) 
 
3. Nanotribology (nano-scratch and wear) 
 
Increasing use of thin films and coatings from a few nm to about 1 micron thickness for improved wear 
resistance in MEMS and general thin film applications requires their mechanical properties and tribological 
performance are optimised. Since the test conditions in the conventional macro-scale scratch test (R = 200 
Pm) were specifically chosen for fairly thick Pm) coatings they are not appropriate for much thinner 
films and nano-scratch and nano-wear tests are needed. These tests typically use considerably lower load 
combined with a smaller probe radius than macroscale tests to achieve the required combination of surface 
(and lateral) sensitivity and high contact pressure to drive film failure.  
 
Integrated precision control of the movement of the sample stage independently of the load application 
during the test enables various topographic, scratch and wear tests to be performed. In the NanoTest, for 
example, there are four distinct types of test:- 
 
(i) Topographical scan ± where the sample is scanned under a light (no wear) load to obtain a line-
profile of the surface and quantitative roughness statistics 
(ii) Progressive (ramped) load scratch ± either initially or after a set levelling distance a linear load 
ramp 
(iii) Topography-scratch-topography (3-scan) test 
(iv) Multi-pass wear tests - involving various combinations of topography and either ramped or 
constant load scans 
 
The tangential (frictional) force can be recorded simultaneously, which provides valuable confirmatory 
information on the location of failure relative to the moving test probe. 
 
3.1 Critical load sensitivity to intrinsic and extrinsic factors 
Steinmann and co-workers showed that the critical load in the scratch test can be influenced by a range of 
extrinsic and intrinsic factors [47]. The influence of the scan parameters of loading rate and scan speed on 
the critical load has been investigated for a range of Si-doped DLC coatings on glass that show clear film 
failure in nanoscratch tests  [48]. There was considerably less sensitivity to these scan parameters than has 
observed in macro-scale scratch testing. At the macro-scale the dL/dx ratio, where L = normal load and x 
= scratch distance, was found to be an important parameter, with the critical load decreasing when dL/dx 
decreases. Steinmann and co-workers recommended tests be done with a fixed dL/dx of 10 N/mm, 
suggesting that when dL/dx decreases, the probability of encountering defective adhesion within a certain 
load range increases resulting in a decreased critical load. This explanation may not be true for highly 
homogeneous coatings that do not fail by selective failure of poorly adhering regions and so exhibit very 
consistent Lc values, and also does not consider the possibility of cohesive failure.  
 
In contrast at the nano-scale, no dependence on critical load was found for Si-doped DLC coatings on glass 
on either (1) scratch speed, (2) loading rate, or (3) increase in load per unit scratch distance (dL/dx) when 
dL/dx is much less than 1 N/mm, whilst critical loads only slightly increase at higher dL/dx (1-5 N/mm). 
More recently Beake and co-workers have investigated the variation in critical load for failure of a 80 nm 
ta-C film on Si over a 100 fold range of dL/dx without finding any clear dependence [48]. These results 
suggest that nano-scratch tests under significantly different loading conditions can be compared directly. 
 
3.2 Topography-progressive load scratch-topography multi-pass scratch tests 
An improvement on the basic nano-scratch test is the 3-scan procedure (with residual scan) that enables 
identification of failure mechanisms, the role of stress in particular, in more detail. All the major 
nanoindenter manufacturers offer this as part of their nano-scratch testing capability. The first reported 
multi-pass test of this type was described in detail by Wu and co-workers from IBM in 1989 [50]. Although 
common thereafter, it was not until after it was realised that it was possible to remove instrument 
compliance from the measured deformation that true nano-scratch and nano-wear depth data could be 
displayed [30]. The example below shows similarity in the low load response of Si(100) to indentation and 
scratch testing with the same spherical probe. 
 
 Figure 14: Load vs. depth curves in nanoindentation and nano-scratch tests on Si(100) with a 4.6 Pm 
spherical probe 
 
By performing three-scan progressive load nano-scratch tests it is possible to determine the critical load for 
the onset of non-elastic deformation since this is the load at which the residual scratch depth is no longer 
zero. The mean pressure at this point can be used as an estimate of the yield pressure. By increasing the 
load further it is possible to identify the critical loads for transitions for cracking and delamination events 
and converting these to mean pressures. 
 
3.3 Influence of probe radius and geometry 
The choice of probe radius in the nano-scratch test should be considered carefully. Spherical probes with 
end radii typically 1-10 Pm are commonly used for nano-scratch testing. If probes are too blunt or the 
instrument used has a relatively small maximum load then it is not possible to scratch the coatings to failure. 
Sphero-conical probes with ~5 Pm end radius represent an effective choice ensuring that coating failure is 
observed within the force range of the instrument but without risking rapid blunting of the indenter due to 
repeat scanning that can be observed when sharper probes are used (such as Berkovich indenters), especially 
when scratching hard and rough coatings. The use of the spherical indenters has the additional advantage 
that the contact pressure analysis described below can be directly applied to the nano-scratch data, provided 
the instrument software has the capability to remove the contribution of instrument compliance, sample 
slope and roughness from the measured deformation data so that true nano-scratch and nano-wear depth 
data is displayed. Pre-calibration of the indenter radius by nanoindentation is necessary. 
 
Nevertheless, other geometries such as Berkovich [51] and cube corner have been used [52]. The latter 
combines a small end radius with high acuity and contact strain and so it particularly suited to the scratch 
testing of very thin films. Klocke and co-workers have used cube corner indenters to perform nano-scratch 
tests of 250 nm Pt-Ir coatings on cemented carbide tools used for precision glass molding [52]. They 
compared the scratch behaviour of the Pt-Ir coating without interlayers and the same coating with 15 and 
50 nm thick Ni or Cr adhesive interlayers. Without an interlayer the coating failed at 25 mN but the critical 
load was much higher (x2-x8) on the coatings with the thin interlayers (figure 15). For a given thickness 
the coatings with the Cr interlayer out performed those with the Ni interlayer and for a given interlayer 
composition, the critical load for coatings with thicker interlayers was greater. 
 
 Figure 15: Influence of interlayer composition and thickness on critical load for Pt-Ir coatings 
 
This appears to be a good example of dimensioning, where the probe sharpness was increased to improve 
the sensitivity to the adhesion at the interface. Schwarzer and co-workers have used advanced simulation 
WRROVWR³GLPHQVLRQ´PDFUR-scale scratch tests of thick multi-layered cutting tool coatings [14]. By adjusting 
the scratch probe radius and applied load they were able to show the possibility to adjust the position of the 
GHSWKRIWKHPD[LPXPYRQ0LVHVVWUHVVLQPXOWLOD\HUFRDWLQJV%\DSSURSULDWH³WXQLQJ´WKH\FRXOGSRVLWLRQ
the maximum stress near the different interfaces in the coating-substrate system. 
 
There have been occasional reports that the scratch depth under load may be greater for constant load than 
in progressive load testing but this does not appear to be the case in general. Beake and co-workers reported 
that for TiN on tool steel the deformation in constant load and ramped load tests was almost identical at the 
same load [53]. This implies that the critical load obtained in a progressive load scratch test is a reliable 
choice of determining a fractional sub-critical load to assess the film resistance to low cycling fatigue in a 
nano-wear test.  
 
3.4 Contact pressure 
Recently the capability of the progressive load multi-pass scratch technique has been extended by the 
development of a novel analytical treatment to obtain accurate scratch depth data after correction of the raw 
data for the contribution from instrument compliance, sample topography and sample slope [54]. The 
method described in reference 54 enables the yield stresses and the pressure required for the failure of the 
film to be estimated from contact mechanics, assuming the geometry of indentation, provided spherical 
indenters are used. By using spherical probes the contact depth (hp) in an indentation contact is given by 
 
hp = (ht + hr)/2  [Eqn. 12] 
 
where hp is the contact depth, ht is the on-load scratch depth and hr is the residual depth from the final scan. 
The contact radius (a) is determined from Equation 13, where R is the indenter radius. 
 
a = (2Rhp-hp2) [Eqn. 13] 
 
Pm = L/Sa2  [Eqn. 14] 
 
The contact pressure, Pm, at any point along the scratch track is given by equation 14, where L is the Applied 
load. To apply this approach to the nano-scratch data it is necessary to assume that:  
 
(1) the presence of a tangential load does not influence the pressure distribution too greatly (i.e. that the 
measured friction coefficient is well below 0.3) 
(2) the radius of the indenter is constant  
(3) the sliding speed is sufficiently slow and contact sufficiently close to elastic that the load is supported 
on the rear of the indenter 
(4) the indenter can reach the bottom of the scratch track in the final topographic scan. 
 In practice it appears that these conditions can often be met in the nano-scratch test [54, 55], although the 
approximation becomes less valid as the geometry moves away from Hertzian. The methodology has been 
validated for thin films on Silicon wafers with good agreement between (i) scratch hardness independently 
determined from optical measurements of scratch widths (ii) contact pressures for film and substrate yield 
events. 
 
3.5 Influence of film stress and thickness 
 
Beake and co-workers have reported nanomechanical and nanotribological (nano-scratch and nano-wear) 
characterisation of a wide range of thin films on Si, with thicknesses from 5 nm (ta-C) to 1500 nm (TiN) 
performing nanoindentation with Berkovich indenters combined with nano-scratch testing with spherical 
indenters [49, 54-57]. A key motivation for studying several of these was to understand the interplay 
between film thickness and interfacial toughness for MEMS and protective thin film applications. The 
reliability of Si-based MEMS devices is limited by stiction forces when contact occurs. Applying very thin, 
low surface energy and low stress coatings can alleviate this problem but it is critical that they are deposited 
optimally.  
 
The film thickness is a key parameter influencing the critical load in the nano-scratch test. In principle, film 
thickness can have two opposing effects:- 1) thicker films that are harder than the underlying substrate 
provide more load support and so delay the onset of the substrate deformation that is often the precursor of 
film failure (higher critical load) 2) thicker films can be more highly stressed and more easily through-
thickness crack and delaminate when deformed (lower critical load) since the driving force for spallation 
to reduce stored elastic energy is greater. The relationship between film thickness and critical load can be 
quite complex in practice. 
 
 
Figure 16: Variation in the critical load of 5-80 nm ta-C films on Si with thickness 
 
Nano-scratch studies on 200-1000 nm CFUBMS a-C [57], 150-600 nm plasma enhanced chemical vapour 
deposited (PECVD) Si:a-C:H [48] and 5-80 nm ta-C [56] have reported that the critical load for total film 
failure in the nano-scratch test can be a strong function (often close to proportional) with film thickness 
reflecting enhanced load support and substrate protection. Figure 16 illustrates the dependence for ta-C 
films when using a 3.1 Pm spherical probe. Provided the films are not too stressed it has been reported that 
the ratio Lc/tf is approximately constant.  
 
Shi and co-workers reported nano-scratch data for 200 nm and 1000 nm a-C films deposited with varying 
substrate bias voltage (-20 to -140V) by closed field unbalanced magnetron sputtering (CFUBMS) [57]. 
They found that on wear resistance grounds a suitable strategy for optimising wear resistance for MEMS 
applications was to maximise H/E. For 200 nm films the highest H/E materials performed best since the 
intrinsic stress in the film was relatively low (no recovery spallation and low H/E). For ~1 µm a-C films 
they observed a general relationship between H/E and the scratch test critical loads. When H/Er is ~0.09-
0.1 there was a tendency of the films to delaminate behind the moving probe at low critical load. Beake and 
co-workers previously reported a similar correlation for ~0.8 Pm Ti-Si-N nanocomposites films on Si [50]. 
Higher H/E led to higher critical loads for elastic-plastic transition and also for the total film failure 
occurring in front of the probe. However, when H/Er was >0.09 film failure was always by tensile failure 
behind the probe (also described as unloading failure). The high tensile stress behind the probe in the 
nanoscale scratch test can lead to complete failure for hard films on silicon. More information can be 
provided by nano-wear tests. 
 
3.6 Repetitive nano-wear 
Constant load, unidirectional multi-pass scratch testing was first described by Bull and Rickerby in 1989 
[58] and has been shown to be an effective low cycle fatigue test. The same approach can be applied to 
micro- and nano-scratch testing. Constant load nanowear tests are often used to determine rates of 
sliding/abrasive wear and investigate the role of fatigue. The low-cycle nanowear experiments can often be 
much more informative regarding the influence of thin film stress leading to poor adhesion than single 
scratch tests. When compared to progressive load nano-scratch testing, nano-wear testing has the advantage 
that the load can be varied to tune the maximum von Mises stress to be close to the coating-substrate 
interface. The friction force is sensitive to the onset of coating failure. 
 
Shi and co-workers performed sub-critical load nanowear testing to investigate the performance of 1 Pm a-
C films that fail in single nano-scratches at ~200 mN [57]. The wear test loads were chosen so that the 
maximum stresses were either within the film (at 50 mN) or the substrate (at 150 mN) so that the additional 
stress due to the imposed stress field from the scratch reaches the interface for the higher load test. In the 
lower load wear test the contact is almost completely elastic with residual wear depths under 100 nm. An 
approximately inverse correlation between H/E and the residual depth was found, consistent with the work 
of Matthews and Leyland who have shown that increasing H/E reduces plasticity [28-29]. An increase in 
residual wear depth and decrease in scratch recovery with each wear cycle confirm that the low load multi-
pass wear test is a fatigue process.  In marked contrast, the films failed after a few cycles at 150 mN. As 
150/Lu = 0.7 this is perhaps not too surprising, particularly as the load is great than that at which initial edge 
cracks form (Lc1). Nanowear under these conditions is a very low cycle fatigue test where plasticity and 
micro-fracture dominate and the harder films deposited under high bias perform poorly. The behaviour of 
1 Pm a-C films with a very high ratio of H/E, deposited under high substrate bias, is very strongly dependent 
on the test conditions, performing well at low load wear but very poorly in more highly loaded contact. 
They exhibit low critical loads in progressive load scratch tests and when they fail in the nano-wear test 
there is extensive delamination outside of the scratch track. The combination of nano-wear tests at different 
loading levels provides information regarding the suitability of the a-C films for contact applications. 
 
Repetitive scratch tests can also be informative at the micro-scale, typically using 25 µm end radius 
diamond probes in conjunction with applied load in the range 0.5-5 N. Beake and Ranganathan used this 
approach to investigate the low cycle fatigue behaviour of mono-, bi- and tri-layer hard coatings deposited 
on WC-Co by CVD [59]. They found a strong influence of the total coating thickness on the micro-scratch 
and micro-wear behaviour. The micro-wear behaviour of the trilayer coating system (3 µm TiN on 4 µm 
Al2O3 on 5 µm TiCN) is shown to be superior to the bilayer and monolayer coatings in the figure below. 
 
 Figure 17: Influence of increased thickness and load support on critical load in the micro-scratch test 
 
3.7 Surface roughness 
Beake and co-workers have recently investigated the influence of coating thickness, roughness and the 
direction of scratching relative to grinding marks on the behaviour of TiN coatings on M42 steel in single 
and multi-pass nano-scratch (nano-wear) tests [53]. TiN coatings were deposited on M42 steel as this is a 
model system displaying clear failure with comparative frictional data available from previous macro-scale 
scratch testing. The critical load for delamination failure was dependent on coating thickness and scratch 
orientation relative to polishing marks on the surface made prior to coating deposition. High roughness 
tends to decrease the critical load but the load carrying capability of higher thickness can have a much 
greater effect. Despite being much smoother, the critical load on 500 nm TiN was only ~50% of the critical 
load on the 1500 nm TiN. The critical load was 20 % lower when scratching perpendicular to the grinding 
marks than parallel to them. 
 
3.8 Friction 
The friction force in the nano-scratch test can be deconvoluted into its interfacial and ploughing components 
so that the interfacial friction can be reported:-  
 
P total = P interfacial + P ploughing 
 
This can be done by different approaches: (1) performing constant load friction test at very low force where 
contact is completely elastic and the ploughing contribution is zero (2) performing repetitive scratches to 
eliminate the ploughing contribution (3) performing progressive load scratch and extrapolating the low load 
friction data to zero load.  
 
The friction force can be very sensitive to the onset of coating failure, depending on the failure location 
relative to the moving probe. Figure 18 shows the evolution of the friction coefficient with wear cycles at 
100-300 mN for 1500 nm TiN on M42 steel being scratched with a 4.4 Pm diamond probe. With repeat 
scratching the friction coefficient initially decreases due to a reduction in the ploughing component. Coating 
failure was marked by a sudden sharp increase in friction during a single wear cycle (cycle 2 at 300 mN 
and cycle 3 at 200 mN in figure 18) which is accompanied by an inflexion in the depth vs. wear cycle. After 
the abrupt increase in friction at film failure the friction decreases with continued scan cycles. 
 
 Figure 18: Variation in friction with number of wear cycles 
 
4. Nano-fretting 
 
Miniaturisation of mechanical devices results in severe contact conditions generated by relatively small 
forces. Performance of materials at small contact scales is a significant challenge and tribology becomes an 
enabling technology for any small scale devices with moving components. According to the Amontons' 
law, the friction force is independent of the apparent area of contact, however the law does not hold true 
when the contact area is dramatically reduced. Fretting experiments performed at small contact scales bring 
specific challenges including increased importance of surface energy and adhesion, role of wear particles 
and impact of surface roughness.  
 
Nanotribology research involving nano-fretting investigations tend to focus on two main areas related to (i) 
fundamental science leading to the understanding of basic principles of friction and asperities contact, and 
(ii) applied research related to technology of small devices like nano- and micro-electromechanical systems 
(N/M-EMS) where the standard constructs of classical physics do not always hold true. So far most of the 
work conducted on reduced contact scales has been focused on friction, however with novel measurement 
and modelling techniques established in recent years, nano-wear problem has been attracting more attention 
and interesting results are becoming available.  
 
4.1 Fretting damage  
Fretting is considered as a specific type of reciprocating sliding. It is defined as a small displacement 
amplitude oscillatory motion (usually induced by vibrations) between two nominally stationary solid bodies 
in contact under normal load. Depending on the loading conditions (displacement amplitudes, normal 
loading) fretting causes damage by surface fatigue or wear induced by debris formation. Fretting is indeed 
a complex process and not all the kinetics and mechanisms are well known. Collins defined more than 50 
factors that influence fretting [60] and more factors are still being added [61]. 
 
Two major test configurations have been developed for fretting experiments (Fig. 19): 
 fretting fatigue configuration, derived from a classical fatigue test where two pads are pressed on 
the fatigue specimen. Relative displacement (G) and cyclic tangential load (Q) are induced by the strain 
generated through the fatigue part subjected to external loading. In this configuration crack nucleates and 
then propagates due to applied external loading. 
 fretting wear configuration, where contact load is generated by a relative motion between two bodies 
induced by electro-dynamic shaker or hydraulic system. This configuration is usually applied to analyse 
wear process due to micro-displacements in a classical reciprocating wear test. 
 
 Figure 19: Fretting test configurations 
 
The most established fretting test configuration used in fretting wear experiments is ball-on-flat one. In 
such configuration, the ball is subjected to normal load (P) or rotational load (Pr), Fig. 20, and three fretting 
modes can be distinguished [62]: 
 linear displacement (mode I) 
 radial displacement (mode II) 
 circumferential displacement (mode III) 
  
 
Figure 20: Three basic fretting modes with representative displacement tracks 
 
Most published research is focused on fretting mode I because the wear and friction mechanisms in that 
case are described by similar laws as sliding friction. However, other modes are also encountered in 
industrial applications and need to be investigated as well. The fretting mode II occurs in mechanical 
systems such as ball bearings or electrical contacts while fretting mode III can be observed in the specific 
areas of heat exchangers or steam generators. 
 
Literature sources quote different values of displacement amplitudes as a border between the fretting 
process and reciprocating sliding motion. This value is variously interpreted and contained within a wide 
range of amplitudes, typically between 50 and 300 ȝP IRU FODVVLFDO PDFUR-scale experiments [63-66]. 
Although it is possible to limit the relative displacements between particular elements of mechanical 
systems by means of engineering measures, it is nearly impossible to eliminate fretting entirely, as this kind 
of degradation was reported even for displacement amplitudes less than 1 ȝP>67-68]. The upper limit of 
fretting regime can be determined using the coefficient introduced by Fouvry S. et al. [69], which is defined 
as a sliding ratio:  
e = Gg / a 
where: 
Gg ± sliding amplitude, which is different from the displacement amplitude due to the contact and testing 
device compliance; 
a ± contact radius. 
  
 
Figure 21: 'HILQLWLRQRIVOLGLQJUDWLR³H´DQGLGHQWLILFDWLRQRIWUDQVLWLRQEHWZHHQIUHWWLQJUHJLPHDQG
reciprocating sliding motion (contact sphere/plane), [after 69] . 
 
The tribo-system remains in the fretting regime when the unexposed surface is maintained at the centre of 
the fretted surface (e < 1). The system moves into reciprocating sliding regime when the centre of contact 
area is becoming exposed to the atmosphere (e > 1). 
 
Small scale fretting 
Analytical tools for nanoscale materials have rapidly developed over the last three decades, improving 
resolution and efficiency of existing techniques and enabling development of new tools. Starting with the 
invention of the Scanning Tunnelling Microscope in 1981, various experimental methods based on 
Scanning Probe Microscopy (SPM) have revolutionised many areas of science and engineering by offering 
a wide range of resolution from the subatomic level up to few hundreds of micrometers. Among various 
SPM techniques, Atomic Force Microscopy (AFM) has contributed to the opening of a new chapter in the 
field of study of interaction of surfaces in relative motion at small scales, allowing for precise tests to be 
carried out under ultra-low loads and minute sliding distances. Nevertheless, it has been also shown [70] 
that AFM techniques are not fully suitable for testing MEMS applications as they offer much smaller sliding 
speeds compared to the real MEMS devices. This is where other novel micro-scale mechanical testing 
methods fill the measurement gap, which has been identified between conventional tribometers and AFM 
techniques (Fig. 22) [71].  
  
 
Figure 22: Measurement gap between conventional tribometers and AFM techniques as function of 
normal force, displacement amplitude and contact pressure [after 71] . 
 Following the nanotechnology definition, nanotribology is typically defined as a branch of tribology that 
deals with wear dimensions of less than 100 nanometres. Currently, there is no formal nano-fretting 
definition available, however based on nanotribology description and sliding ratio criterion introduced by 
Fouvry et al. [10], nano-fretting can be defined as: ³Small displacement amplitude oscillatory motion 
between two nominally stationary solid bodies in contact under normal load, with the unexposed surface 
maintained at the centre of the fretted surface resulting in wear depth of less than 100 nanometers.´ This 
definition is limited to mode I fretting regime, however it can be easily adapted to modes II and III by 
modifying the aspect of unexposed surface area within the wear track. Although this definition captures the 
nature of nano-fretting regime clearly, most of the current literature claiming to report nano-fretting results 
would probably not fit into it. For the purpose of simplicity, these types of experiments are described as 
small scale fretting in this book chapter although they could also be described as nano/micro-wear for 
example. 
 
Small scale fretting data have been reported by several research groups carrying out experiments on various, 
commercially available and purpose-built equipment. Varenberg et al. studied partial and gross slip fretting 
behaviour of 3.1 Pm diameter scanning probe microscopy probes tested against Si wafers [72]. A substantial 
increase of the coefficient of friction was noted at the transition between partial and gross slip fretting 
regimes by testing a range of sliding amplitudes from 5 to 500 nm. In collaboration with the same research 
group, Yoon et al. investigated impact of surface roughness and materials combination on fretting wear in 
a micro-spherical contact using 200 Pm diameter spherical tip under 20 mN load and 6.5 Pm displacement 
amplitude [73]. It was found that the materials combination has a greater effect on fretting wear behaviour 
than surface roughness in this small scale experiments.  
 
Small scale fretting behaviour of monocrystalline silicon for potential application in MEMS devices 
operating in vacuum conditions was studied by Yu et al. using AFM tips [74-75]. The energy ratio related 
to the transition from partial to gross slip regime was measured and compared to the same energy ratio 
observed in classic macroscale fretting. The authors looked also at 2 nm thick DLC coatings deposited on 
Si(100) and carried out tests against SiO2 microspheres under vacuum and air conditions [76]. They found 
that DLC coating reduced significantly adhesion and friction force in air conditions comparing to Si(100) 
substrate, however wear behaviour was quite similar to that of Si. Wilson et al. focused on C and Cr doped 
amorphous C films and carried out small scale fretting experiments using a modified nanoindenter 
(NanoTest) with 300 Pm diameter ruby tip under 10-200 mN applied load and 2-14 Pm displacement 
amplitude [77-79]. The authors identified two distinct fretting wear regimes, with classic W-shaped wear 
scar under low oscillation amplitude and full U-shaped wear scar at larger amplitudes. Finally, micro-wear 
behaviour of DLC and TiN coatings using microtribometer setup under reciprocating sliding was 
investigated by Achanta et al., where the wear mechanism and topographical changes within the wear tracks 
were investigated using AFM analysis [80-81]. 
 
Indentation, scratch and small scale fretting on Si 
There has been considerable interest in the mechanical characterisation of silicon for many years, however 
highly complex mechanical and tribological behaviour of silicon-based MEMS technology remains a main 
challenge. Nanoindentation of silicon has been the subject of number rigorous studies [82-85], but less is 
understood about its behaviour under more complex mechanical situations. Small scale tribology 
experiments require high resolution equipment with ultra-low drift, ideally 0.005 nm/s or less, to allow 
measurements of wear occurring at low contact pressures over periods of 1h or more. Typically AFM 
methods have been used for such experiments, however this piezo-based technology cannot provide 
necessary stability for long duration tests [86]. A number of micro-tribometers have been adapted for small 
scale tribology experiments but these are usually based on cantilevers to measure forces, which do not 
provide enough stiffness to carry out tests under very low displacement oscillations [87-88]. Hence, 
nanoindenter platforms have been recently modified for different types of reciprocating testing under milli-
Newton range constant or ramped applied normal loads [88].  
 
In [55] such a modified nanoindenter platform was used to perform small scale indentation, scratch and 
fretting tests on highly polished Si(100) using a 4.6Pm sphero-conical diamond indenter. Fig. 23 shows that 
loading curves in all three experiments followed the same trend below 40 mN applied load. Above that 
load, tangential loading in scratch and fretting experiments promoted yield resulting in higher penetration 
depths. SEM analysis of silicon samples revealed that pronounced lateral cracking observed under scratch 
and indentation conditions at high loads was absent in fretting tests, suggesting that the accumulation of 
strain is reduced by the more dynamic wear process. Critical loads observed in the three types of contact 
are summarised in Table 2.    
 
Figure 23: Comparison of loading curves in indentation, scratch and fretting experiments. Test 
configuration: 4.6 Pm sphero-conical diamond indenter against Si(100). [Adapted from 55]. 
 
Table 2. Critical loads small scale indentation, scratch and fretting experiments. [After 55] . 
 
 Critical load (mN) 
 Indentation Scratch Fretting 
Ly 40 r 5 37 r 5 ~30 
Lc1 ~80-95 56 r 4 * 
Lc2 >200 106 r 7 * 
Lc3 >300 155 r 16 ~100-110 
* With the faster speed in the fretting test the Lc1 and Lc2 transitions are smeared out and cannot be clearly 
defined. 
 
In [88] small scale scratch and fretting methods were compared using 10 and 25 Pm end radius sphero-
conical and Berkovich probes on a range of thin film samples. It was shown that small scale fretting 
capability is complementary to scratch testing as it offers higher cycle tests with extended duration and 
significantly lower contact pressure. Table 3 summarizes the key differences between the techniques. 
 
Table 3. Comparison of conditions and contact pressures in small scale scratch and fretting of 
amorphous carbon films on Si. [After 88] . 
 
 Ramped scratch Repetitive scratch Fretting 
Motion unidirectional unidirectional reciprocating 
Probe radius 1-9 Pm 1-9 Pm 10-25 Pm 
Wear cycles 1 5-20 To 10000 
In situ wear 
measurement 
Yes Yes Yes 
Contact 
pressure 
8-15 GPa 9-13 GPa 0.1-6 GPa 
 
Small scale fretting of ta-C films on Si 
Wear and adhesion limit the practical usability of silicon-based devices and several approaches are being 
considered to overcome that problem including liquid lubrication [89], solid lubrication with self-assembled 
monolayers [90] and a variety of thin films [91-93]. In [48] small scale fretting of 5, 20 and 80 nm thickness 
ta-C films deposited on Si(100) was investigated using spherical indenters. It was found that fretting wear 
occurred at significantly lower contact pressure than is required for plastic deformation and phase 
transformation in indentation and scratch experiments. EDX analysis performed across fretting wear scars 
revealed a reduction in the coating thickness and oxygen incorporation in the worn region. The absence of 
any abrupt changes in depth or friction showed that deformation proceeded by a fatigue mechanism with a 
gradual wearing away of the film. SEM analysis also suggested distinctive gross-slip type of damage with 
scratches generated during sliding present within the fretting wear scar area. The geometry of the wear scars 
correlated with the loads applied: reduction in wear track length and wider wear tracks were observed with 
increased load. 
 
Small scale fretting of biomedical materials 
Artificial joints are designed as fully lubricated systems, however it has been found that real contact area is 
only a small fraction of nominal contact area in such devices and asperity-to-asperity contact will occur 
leading to metallic contacts at microscopic level [94]. Surface scratches observed in retrieved prostheses 
are typically in the range of few microns wide and less than a micron deep [95], so the mechanical and 
tribological properties of biomaterials need to be investigated at the relevant contact scale in order to 
develop reliable artificial joint design. Hence, in [96] small scale fretting experiments were carried out on 
biomedical grade Ti6Al4V, 316L stainless steel and CoCr alloy samples using 3.7 Pm sphero-conical 
diamond indenter.  
 
Over a wide range of experimental conditions the CoCr alloy exhibited significantly better wear resistance 
comparing to 316L steel and Ti6Al4V for which wear resistance markedly deteriorated as the fretting load 
increased. Fig. 24 shows the probe depth under load in the 30 mN small scale fretting experiment during 
the 290 s at peak load. At the beginning of test 316L steel performed better than Ti6Al4V alloy which was 
followed by an abrupt increase in probe depth on the stainless steel. This type of behaviour was observed 
in other tests for Ti alloy and 316L steel but not on the CoCr alloy. Fig. 25 presents the corresponding SEM 
images, which show that debris on CoCr appeared generally smaller in size while Ti6Al4V and 316L 
stainless steel showed delamination type of wear. Small scale fretting experiments proved to be a valuable 
additional tool in this work extending the capability of nanomechanical testing of biomaterials. 
  
 Figure 24: On-load probe depth evolution as a function of 30mN small scale fretting test. [Adapted from 
96]. 
 
 
Figure 25: SEM images of small scale fretting scars: a) CoCr alloy under 3mN load, b) Ti6Al4V alloy 
under 3mN load, c) 316L stainless steel under 3mN load, d) CoCr alloy under 30mN load, e) Ti6Al4V alloy 
under 30mN load, f) 316L stainless steel under 30mN load. [Adapted from 39]. 
 
5. Nano-impact 
 
In many engineering systems materials are subjected to high strain rate deformation. Examples include 
interrupted cutting (milling), contact between valve-train components in internal combustion engines and 
collisions between air-borne particulates and gas turbine blades [26,27,52,97-99]. The ability to simulate 
the relevant in-service contact conditions is highly desirable in the development of materials for these 
applications and the nano-impact technique is increasingly being used for this purpose.  
 
Nano-impact works by subjecting the sample material to either a single or repetitive high strain rate contact 
with a test probe. Experiments can be closely defined, the user having control over a wide range of 
parameters: 
 
x probe material and geometry 
x force with which the probe is accelerated towards the sample 
x distance over which the probe is accelerated 
x either a single or repetitive contact 
x if a repetitive contact is used, the frequency of the contacts and the total experiment time may be 
controlled 
 
5.1 Single impact tests 
 
6LQJOHLPSDFWH[SHULPHQWVDUHW\SLFDOO\XVHGWRGHWHUPLQHWKH³G\QDPLFKDUGQHVV´RIDVDPSOH [100-101]. 
This is the effective hardness of the material at a given rate of strain. The dynamic hardness is determined 
by the quantity of energy absorbed into the deformed material volume at the contact site. The required data 
for this calculation are provided by a penetration depth vs. time trace which is recorded over a very short 
time period (typically <0.2 s) as the impact takes place. From these data the incoming and outgoing velocity 
of the indenter are determined as is the maximum depth reached. A dynamic hardness value will almost 
always be higher than the quasistatic hardness value for any given material. This is due to the extremely 
short contact duration between the probe and the sample meaning that minimal time-dependent deformation 
can take place.   
 
 
Figure 26: Time±displacement and time±velocity data from a single impact event on Ti6Al4V. The data 
show the acceleration of the indenter, the contact with the sample, the deceleration of the indenter and 
the first rebound of the indenter. 
 
The above data were gathered from a single impact experiment on a Ti6Al4V alloy. The dynamic hardness 
in this test was 8 GPa compared with around 5 GPa under quasi-static conditions. Constantinides and co-
workers reported [101] that gold was even more sensitive to strain rate but aluminium was much less so 
(Table 4). 
 
Sample Quasi-static H (GPa) Dynamic H (GPa) 
1100 aluminium 0.27 0.29 
annealed Au 0.48 1.3 
work hardened Au 0.80 2.8 
 
5.2 Repetitive impact 
 Repetitive impact tests are typically used to assess the ability of a sample to resist failure due to fatigue. 
The technique is essentially comparative and allows samples to be ranked in terms of their performance 
under the test conditions. As in the single impact test, the resulting data take the form of a penetration depth 
vs. time trace, but a typical time frame may be 60-300 seconds. Cross referencing the depth vs. time data 
with optical or atomic force microscopy of the impact site can reveal a great deal about the cause and mode 
of failure(s). A popular application of the repetitive nano-impact test is to test coating properties at high 
strain rates and to investigate surface fatigue and fracture due to repetitive contact, often with the aim of 
using results to design and optimise the coating properties for improved durability in interrupted contact 
situations [26,27]. In practice there is usually a direct correlation between increased fracture resistance in 
the nano-impact test and longer lifetime in the application. 
 
 
Figure 27: Comparison of the performance of TiAlN and AlCrN coatings in (a) cutting test (b) nano-
impact test 
 
This correlation can also extend to the temporal evolution of the impact wear. For example, figure 27 reveals 
the strong similarity between the evolution of tool wear in cutting of 1040 structural steel and the 
progression of coating damage on repetitive nano-impact testing. With its lower plasticity index the TiAlN 
fractures more extensively in the nano-impact test. Plotting data as fracture probabilities allows for the 
stochastic nature of the impact fracture process to be investigated [102].  
 
 Figure 28: Correlation between fractional potential energy and probe depth in the repetitive impact test 
[after 103] 
 
Typically the depth evolution is gradual, with periodic abrupt increases in probe depth being due to fracture. 
Using a NanoTest modified for fast data acquisition Jennett and Nunn showed that there were clear 
differences in the energy absorbed when fracture occurs [103]. Figure 28 shows repetitive impact data on 
fused silica at 8 mN with a cube corner diamond indenter. It clearly shows that the impact resulting in a 
large abrupt change in depth is correlated with enhanced energy absorption. Recently the nano-impact 
behaviour of a Ti0.4Al0.6N coating was simulated with a three-dimensional finite element model by Bouzakis 
and co-workers [104]. The model used the failure of constrained tied nodes to simulate crack formation and 
propagation as the plastic strain develops and exceeds the coating failure strain. The developed nano-impact 
FEM-simulation was able to predict the film failure initiation and evolution with repetitive impact with a 
cube corner indenter at 10-50 mN impact force. With spherical probes at low impact forces so that plasticity 
is suppressed, a backward depth evolution can be observed (i.e. the on-load probe depth decreases with 
continued impacts) [105,106]. This atypical behaviour has been confirmed by post-test AFM imaging of 
impact scars showing volume uplift and has been interpreted as due to interfacial delamination without (or 
before) the accompanying fracture that results in the increase in depth. Faisal and co-workers reported that 
in the repetitive impact of 100 nm DLC film on Si the geometry of the impact probe influenced the 
deformation with a conical indenter resulting in delamination but Berkovich resulting in fracture.  
 
The following example shows the relative impact resistance of two TiO2 coated stainless steel samples. 
Both stainless steel substrates have been sand-blasted, and one of them was subsequently given a heat 
treatment process before deposition of the TiO2. Each test was 5 minutes in duration and during this time 
75 repeat contacts were made at 0.25 Hz, the indenter being allowed to contact the sample for 2 s then 
removed from the sample for 2 s. 
 
 Figure 29: Illustrative repetitive nano-impact depth vs. time traces and optical microscopy of TiO2 
coating on (a and b) heat treated sand-blasted stainless steel substrate and (c and d) and sand-blasted 
stainless steel substrate without prior heat treatment 
  
The effect of the heat treatment of the substrate is clearly evident in the depth vs. time data and the 
PLFURVFRS\'HSWK³MXPSV´DQGUHJLRQVRIH[SRVHGVXEVWUDWHDUHYLVLEOHLQ)LJ9 a,b. The heat treatment 
was shown to improve the resistance to failure. The smaller maximum depth attained suggests that the 
improvement was likely to be due to an increased hardness of the substrate helping to provide a better load 
support for the coating.  
 
The nano-impact test has been used to assess the influence of the deposition of thin interlayers of Ni or Cr 
(15-50 nm) before depositing 250 nm Pt-Ir coatings on binder-less cemented carbide tools used for 
precision glass molding [52]. Using a cube corner probe it was found that on coatings without interlayers 
the probe depth continued to increase dramatically as the repetitive impact test progressed but coatings with 
interlayers were signficantly more impact resistant. The best impact resistance was shown by a Pt-Ir coating 
with a 50 nm Cr interlayer where after initial plastic deformation the probe depth remained approximately 
constant to the end of the test. 
 
Bouzakis and co-workers have performed detailed investigations into the influence of post-deposition wet 
micro-blasting on cutting performance of PVD coated tools, supporting their tool life data with 
nanomechanical testing and FEM [107-109]. Micro-blasting induces compressive stresses which can be 
beneficial in reducing wear although the results are dependent on pressure and the grain size and geometry 
of the abrasive materials. For the same micro-blasting conditions and abrasive diameter the abrasion with 
ZrO2 is less intense than Al2O3 due to the spherical nature of the ZrO2 [107]. To investigate the influence 
of the developed compressive stresses on the film brittleness they performed nano-impact tests, finding 
impressive correlation between the results of the nano-impact tests and the cutting performance when 
milling hardened steel (AISI 4140) [108]. 
 
 Figure 30: Lower impact depth correlates with greater cutting performance 
 
Figure 30 shows clearly that under these conditions (i) low impact depth (high impact resistance) is strongly 
correlated with cutting tool life (ii) the trends in tool life with micro-blasting pressure are well reproduced 
by the nano-impact test (iii) the ranking of micro-blasting with ZrO2 and Al2O3 at a given pressure, and the 
switch in relative performance between 0.2-0.4 MPa is also shown. 
 
Chen and co-workers highlighted the importance of microstructure on the dynamic impact response in 
nano-impact of wear-resistant hard TiAlSiN and TiN thin coatings on M2 steel [110]. When the impact 
load was increased to 10 mN and 30 mN for the monolayer TiN and multilayer TiAlSiN coatings, 
respectively, cracks started to appear during the tests. At higher loads, spallation was observed in both 
coatings, although the multilayer TiAlSiN coating showed much less spallation. The improved nano-impact 
resistance of TiAlSiN coating is considered to be due to its H3/Er2 aiding resistance to crack formation and 
its multilayer structure helping with crack deflection. 
 
 Figure 31: Influence of thermal ageing for 24 h at 1500 °C and 100 h at 1100 °C on the impact resistance 
of an EB-PVD TBC 
 
Chen et al investigated the role of changing coating microstructure and mechanical properties due to thermal 
aging at 1100-1500 °C on the repetitive impact and erosion behaviour of 150 µm thick thermal barrier 
coatings (TBCs) for aero-engines [99]. Thermal aging alters the microstructure and mechanical properties 
of TBC systems, and there is a clear need to develop a rapid laboratory test method that can assess such 
changes. Nano-impact provides such a dynamic measurement tool and in this study it has been used to 
assess erosion resistance. For this application it is superior to conventional nanoindentation as the dynamic 
strain rates are much higher.  Compared to bulk erosion testing it offers the potential advantage of testing 
on the scale of the individual columns in the TBC, thus measuring individual column and column cluster 
properties. It is shown that thermal aging resulted in increased hardness and stiffness of the TBC. Nano-
impact testing (figure 31) showed the increased wear rate very clearly under these conditions and this 
correlated well with the measured bulk erosion rate. As repetitive dynamic test producing damage on the 
correct length scale, the nano-impact test was highly effective in simulating the erosion mechanism and 
may be used as a rapid screening test to evaluate the erosion resistance. Nanoindentation alone would not 
be able to predict this. 
 
6. Environmental considerations (hot, cold, fluid, humidity) 
 
Nanoindenters most commonly measure sample mechanical properties within a fairly narrow window of 
temperature (e.g. 20-25 °C), humidity (RH ~40-50%) and strain rate (~10-1-10-3 s-1). However there are 
many situations where characterisation under these conditions is simply not appropriate and it is more 
important to measure properties under conditions more reflective of the operating or processing conditions 
which the test material is to be exposed to. Mechanical and tribological behaviour under these conditions 
may bear very little relation to that measured at room temperature, quasi-static conditions, and attempting 
to use data to predict performance under very different conditions can be highly dangerous. Originally 
nanoindenters could only operate within this confined window of humidity, strain rate and temperature, 
however, developments over the last 10 years or so have seen rapid progress in expanding the test capability 
of some commercial instruments. Environmental extremes (high temperature or in liquid) typically act to 
promote time and temperature dependence which alters the indentation response, taking it either further 
from or closer to elastic unloading. Careful experimental design is required. 
 
6.1 Influence of moisture and electrochemical potential on nanoindentation behaviour 
 
Performing measurements in controlled humidity conditions requires either placing the entire instrument in 
an environmental chamber (or modifying its standard operating test enclosure) or designing a small 
humidity control unit to enclose a much smaller volume immediately in the vicinity of the sample. An 
example of the former approach was by Altaf and co-workers who recently used a NanoTest with its test 
enclosure fitted with a humidity control unit to study the effect of moisture on a commercial 
stereolithography polymer resin, Accura 60, over a wide humidity range (33.5-84.5% RH) [111] (Altaf et 
al. 2012). Mechanical properties of stereolithography resins such as Accura 60 are affected by the level of 
moisture in the environment, with hardness and modulus decreasing with increased moisture uptake in the 
resin. Transport of moisture from the surface to the bulk of the polymer took place sufficiently slowly that 
a coupled stress-diffusion FEA was required to accurately model the behaviour. Gravimetric tests were 
performed to calculate the diffusion constants and bulk tensile, compressive and creep tensile tests to 
generate the mechanical material properties for the model. With appropriate modelling, the variation in 
hardness with (i) increasing penetration into the interior of the polymer (ii) different environmental 
conditions could be accurately simulated.   
 
Measurements under fully hydrated conditions require both sample and indenter are fully immersed in a 
dedicated liquid cell [112-114]. A consideration when measuring a very highly compliant sample in a fluid 
environment is the buoyancy of the indenter and measurement head components. Any change in buoyancy 
throughout the measurement, although small can be significant when the sample material is so easily 
deformed. In the NanoTest the indentation direction is horizontal; as the indenter penetrates the sample 
surface the submerged volume of the loading head remains constant (due to it moving horizontally in the 
fluid) and as such constant buoyancy is maintained. 
 
 
Figure 32: The configuration of a commercial liquid cell (NanoTest) 
 
Nylon-6 samples with ~30-35 % crystallinity were tested by Bell and co-workers in fully hydrated 
(deionized water) and ambient laboratory (50% RH) conditions using the cell design in figure 32 [113]. 
After equilibration (>24 h) the hardness and elastic modulus measured in deionized water were significantly 
lower (50% and 60-70% respectively) than those measured in ambient conditions. The strain rate sensitivity 
parameter, A/d(0), where A is a constant determined by fitting to experimental data and d(0) is the depth at 
the start of the hold period at peak load, decreased significantly in water. The reduced proportion of time-
dependent deformation in deionized water is consistent with a reduction in the tan delta peak due to a shift 
in the glass transition temperature when wet. Using a NanoTest fitted with a recently designed humidity 
cell, Harris and co-workers [115] were able to more rapidly measure the moisture sensitivity of the hardness 
and stiffness of a similar nylon sample over the humidity range 20-95 % RH. Figure 33 shows the variation 
in elastic modulus with humidity. 
 
 
Figure 33: Influence of humidity on the elastic modulus of nylon 
 
Making measurements in fully hydrated conditions is particularly useful in the characterisation of biological 
materials. Constantinides and co-workers [114] found the stiffness of PAAm-based electrophoresis gels 
decreased by a factor of about 1000 when hydrated (E(gel, water) = 270 kPa; E(gel, air) = 300 MPa). Even 
larger changes have been observed for polyethyleneimine hydrogel. When indented in its dry state this 
polyethyleneimine hydrogel exhibits a reduced modulus of almost 18 GPa, after 30 min water immersion 
this has fallen by a factor of ~5000 to 3.3 MPa. 
 
Figure 34: Indentation behaviour of a polyethyleneimine hydrogel in fully hydrated and ambient air. 
 Schmidt and co-workers used a NanoTest modified to act as a electrochemical cell to study an electroactive 
polymer nanocomposite thin film containing cationic linear poly(ethyleneimine) and 68 vol % Prussian 
blue nanoparticles as a candidate stimulus-responsive polymer material [116]. Electrochemical reduction 
of the Prussian blue particles doubled their negative charge causing an influx of water into the film to 
maintain electroneutrality. This resulted in swelling and a decrease in elastic modulus. The in situ 
nanoindentation measurements using a spherical ruby indenter of 5 µm radius showed a reversible decrease 
in the elastic modulus of the film from 3.4 GPa to 1.75 GPa. 
 
6.2 Nano-scratch and nano-impact testing in liquid 
The ability to perform nano-scratch tests under liquid has many biological and biomedical applications. 
Running nano-scale tribological tests under precisely controlled conditions that in terms of stresses, contact 
size, test environment are close to those in vivo can provide valuable insight into the underlying deformation 
mechanisms. As an example, abrasion on retrieved CoCrMo hip joints has been reported to be due to third-
body wear by detached hard particles in vivo. The presence of small scratches around 10-20 µm wide 
suggests contact with sharp asperities. To understand the tribology of the scratch formation it is necessary 
to perform tests at the relevant scale rather than rely on bulk testing. Sun and co-workers have used nano-
scratch testing of cast CoCrMo to simulate single-asperity contact with a small hard carbide particle [117]. 
Using a NanoTest fitted with a liquid cell they performed tests at 37 °C in 0.9% NaCl using a 10 µm 
diamond scratch probe at 200 mN. They found that even single scratches could produce significant 
microstructural changes in both the Co-rich matrix and the hard carbides. They were able to reproduce 
various features such as slip lines, matrix fracturing and the formation of nanometric and rhombic grains 
on the periphery of the scratch that have been found on retrieved MoM cups.  
Kalcioglu and co-workers at MIT used nano-impact in liquid to evaluate the high strain rate behaviour of 
fully hydrated tissues from liver and heart and candidate tissue surrogate materials, quantifying their 
resistance to penetration under energy densities relevant for tissue surrogate applications [118]. The energy 
strain densities in the tests were 0.4-20 kJ/m3 which is broadly comparable with macroscale impact tests 
designed to replicate ballistic conditions (15-60 kJ/m3). They reported that the energy dissipation capacities 
of fully hydrated soft tissues were well matched by a 50/50 triblock/diblock gel composition. 
6.3 Measuring high temperature mechanical properties by nanoindentation 
The ability to measure mechanical properties of materials at in-service temperatures has great value. High 
speed cutting tools experience temperatures of >500 Û&LQRSHUDWLRQGXHWRIULFWLRQDOKHDWLQJDQd thermal 
barrier coatings for turbine blades can be required to operate at 1000 Û&RUKLJKHU7KHKLJKWHPSHUDWXUH
properties of the materials used in such applications cannot necessarily be predicted from room temperature 
testing. Elevated temperature nanoindentation can provide the engineer with invaluable information to help 
to optimise material properties for their applications. Much progress has been made in high temperature 
nanoindentation over the past 10 years. Understandably the very small depths typically attained in 
QDQRLQGHQWDWLRQPHDQWKDWWKHWHFKQLTXHFDQEHVXVFHSWLEOHWR³WKHUPDOGULIW´DVVDPSOHDQGRULQVWUXPHQW
components change slightly in temperature and consequently expand or contract during the test.  
 
Reliable high temperature nanoindentation requires that (i) tests can be performed without thermal drift or 
other instrumental factors influencing the raw data (ii) the elastic contact mechanics at room temperature 
can successfully be applied to situations where very significant time-dependent non-elastic deformation 
may occur (iii) oxidative wear of tip and/or sample does not occur (or if it does, is sufficiently small not to 
complicate interpretation of the results). Despite some potential drawbacks, as described earlier, fused silica 
is a popular choice as reference material for high temperature nanoindentation since it is mechanically 
homogeneous, shows relatively little creep at elevated temperature, it is mechanically homogeneous with 
elastic properties well characterised by other techniques such as resonance ultrasound, and it has quite low 
thermal conductivity. 
 
Practice has shown that it is not usually sufficient to only heat the sample before indentation as this produces 
a large thermal gradient between the hot sample and cold indenter which greatly influences the measured 
data, particularly on more conductive samples. When a non-heated indenter is used to indent a heated 
sample heat will conduct onto the indenter from the sample causing indenter expansion. Consequently the 
instrument measures a combination of the indenter penetrating the sample and the dimensional change of 
the indenter thus compromising the experiment. The deficiencies of the sample-only heating approach were 
recently highlighted by Everitt et al on fused silica and gold [119], Tang and Zhang on Si [120], and Zarnetta 
et al on a TiNiCu shape memory alloy [121]. These studies reported elevated temperature indentation curves 
dominated by thermal drift when sample-only heating was used. In the latter publication the authors showed 
that even loading to peak load at 80 °C in 5 s was insufficient on the shape memory alloy and suggested 
instead loading in 1s. Even at moderately elevated temperatures very rapid loading appears best approach 
to at least partially counteract the thermal gradient from the sample and indenter being at differing 
temperatures [122-124]. Franke and co-workers have studied the temperature dependence of the indentation 
size effect on copper to 200 °C with a sample-only heating [124]. Drift rates increased by a factor of x70 
as the temperature was increased reaching 7 nm/s at 200 °C so the tests were performed very rapidly in an 
attempt to mitigate against this and no modulus information was reported. Nevertheless, they were able to 
show that the indentation size effect on copper was reduced at higher temperatures implying thermal 
activation has a major influence on the length scale for plasticity. 
 
The practical solution to this problem is to separately heat both the indenter and the sample to the same 
temperature to minimise/eliminate the thermal gradient to achieve isothermal contact. The first report of 
dual active heating on a commercial nanoindentation system (NanoTest) was by Smith and Zheng in 2000 
[125]. Subsequently, this approach has been adopted in around ~60% of high temperature nanoindentation 
publications, including virtually all of those at over 200 °C. The configuration for this is shown 
schematically in figure 35. 
 
 
Figure 35: Configuration for dual active indenter and sample heating 
 
Precise temperature control is important. At high temperature even a small thermal differential can 
compromise the reliability of the experiment. In the example above the indenter was about 5 Û&FRROHUWKDQ
the sample surface (sample temperature 500 Û&+HDWIORZIURPWKHVDPSOHRQWRWKHLQGHQWHUKDVFDXVHG 
expansion of the indenter material during the indentation process. The expansion was sufficiently rapid that 
during the 30 s hold at maximum load we see a reduction in depth rather than the increase we would expect 
to observe as the material creeps. Unsurprisingly increasing the indenter/sample temperature mismatch 
increases the drift dramatically. With a GLIIHUHQFHRIDERXWÛ&Lnitially the depth is seen to increase as the 
load is applied then, a critical contact area is reached where sufficient heat can flow such that the linear 
expansion of the indenter is faster than the rate of penetration of the indenter in to the sample material, 
consequently the measured depth is seen to reduce. 
 
 Figure 36: The effect of thermal mismatch between indenter and sample due to poor experimental design 
 
The effectiveness of the method to minimise (or even eliminate) this thermal gradient by heating the 
indenter and the sample separately to achieve an isothermal contact is improved by precision control. The 
methodology involves three steps for the indenter heating control side [126]: 
 
i) the indenter is heated to the target temperature by feedback control 
ii) once the target temperature is reached the controller measures the average power supplied to maintain 
the target temperature 
iii) the indenter is then supplied with this constant power during indentation 
 
This approach provides more stable temperature control than using PID control for both sample and 
indenter. Once a suitable indenter has been selected (see below) and the indenter/sample temperatures 
matched by the above method it is possible to produce measurements of equivalent quality as at room 
temperature, as illustrated in the following examples. Unless one is familiar with the indentation 
characteristics of a given sample, it can be difficult to distinguish between high temperature and room 
temperature load-depth curves. The following example shows indentation data on Si (100) at 500°C and 
650°C. This is a critical temperature range for silicon over which appreciable softening occurs.  
 
 
Figure 37: Indentations on silicon at 500°C and 650°C. 
 
The depths achieved at equivalent loads are markedly different as is the degree of displacement which 
occurs during the maximum load dwell periods. 
 
Materials we consider to be essentially elastic at room temperatures often exhibit increasing visco-plasticity 
with increasing temperature. This can be highlighted by either applying the indenter load at different rates 
or by examining the sample deformation under constant load. 
 
 
 
Figure 38: Constant loading time and constant loading rate indentation on Silicon at 650 °C 
 
In this example silicon has been indented under two loading conditions; (a) using a constant loading rate 
and (b) a constant loading time. In case (b), as the loading time for each indentation was constant the loading 
rate used increases as a function of the target maximum load, i.e. the highest load (200 mN) indentation 
was loaded at 40 times the loading rate of the lowest (5 mN) indentation. The effect of this is that the 
loading curves do not superiPSRVHDVWKHWLPHGHSHQGHQWHOHPHQWRIWKHVDPSOH¶VGHIRUPDWLRQSOD\VDQ
incrementally smaller role in the overall deformation measured. Contrast this with case (a) where the 
loading curves are seen to superimpose. 
 
Tribochemical interactions between indenter and sample 
 
Indentation at elevated temperatures can put a greater demand on the indenter material and consequently 
care must be taken to select the right indenter material for the sample to be measured if premature blunting 
of the tip is to be avoided. Blunting of the tip can be caused by (i) oxidation of the indenter material (ii) 
dissolution of the indenter material into the sample (iii) accelerated wear at temperature due to indenter 
softening. Oxidative degradation can be eliminated by running indentation experiments in a vacuum 
environment. Suitable apparatus does exist in a number of cases but in addition to cost the integration of 
nanoindenters into vacuum environments can be challenging as the instruments are susceptible to vibration 
from pumps and many electronic components found on such instruments are not vacuum compatible. 
However, where successful integrations exist they can sustain indenter and sample at extreme temperatures 
(up to about 800 °C) for extended periods of time with little or no degradation. Purging the instrument 
environment with and inert gas such as Argon can be effective at maintaining a sample in a measurable 
state. An example of where this can be effective is when cobalt bonded tungsten carbide samples (coated 
or bulk) are to be tested at temperatures over 500 °C. In air rapid oxidation of the cobalt binder can occur 
to such a degree that the sample can expand to several times its starting volume. Whilst a purge does not 
eliminate completely oxidation of such samples it does provide sufficient working time to gather 
indentation data at temperatures above 700 °C. 
 
Carbon is soluble in iron and ferrous alloys. The rate at which it will dissolve increases dramatically with 
increasing temperature. For this reason a diamond indenter should never be used with such samples as it 
can be completely degraded in a very short period of time. Sapphire or Cubic Boron Nitride (cBN) are 
suitable alternative materials for ferrous alloys at elevated temperatures. However it should be noted that 
both of these materials have their own limitations. Sapphire is, relative to diamond (H ~100 GPa) quite soft 
(about 30 GPa)  and indeed in many cases can actually be softer than the sample material ± cutting tool 
coatings for high speed machining applications can often be over 30 GPa hardness at room temperature. 
Furthermore, sapphire does not retain its hardness sufficiently to be a viable alternative for measurement 
of hard coatings at elevated temperatures. It does remain a good option though for softer materials such as 
metals and thermal barrier coatings. cBN is much closer to diamond hardness (about 70 GPa). It also retains 
this hardness well at temperature. The limitations with this material stem mainly from the form in which it 
is available and any strength limiting defects which may exist within its microstructure. Typical single 
crystal cBN sizes are less than 0.5 mm in any dimension. This presents difficulty in manufacturing for the 
perspectives of securing the crystal in its holder and achieving the preferred orientation. Despite the 
difficulties this material presents it is possible to produce thermally and chemically stable indenters which 
are able to undertake measurements not possible with either diamond or sapphire. 
  
(Ti,Al)N coatings for cutting tools ± role of annealing at 700-900 °C 
 
Coatings have been successfully applied to cutting tool inserts to prolong tool life in machining 
applications. Trends currently driving the development of new coatings include (i) cutting faster to increase 
productivity (ii³JUHHQ-PDFKLQLQJ´- cutting without coolant for environmental reasons and (iii) machining 
hard-to-cut materials. To achieve long tool life under these conditions coatings need to be multifunctional 
and display several interlinked characteristics to minimise wear. For applications such as these involving 
high temperature due to frictional heating the mechanical properties at the operating temperature are more 
relevant than those measured at room temperature.  
 
 
Figure 39: Variation in hardness with temperature of as deposited AlTiN and AlTiN after annealing for 2 
hr in vacuum at 700-900 °C 
 
The example below illustrates how annealing coatings can alter their mechanical properties and cutting life. 
The post-deposition annealing of an Al0.67Ti0.33N (AlTiN) coating, deposited at approximately 600 qC, 
for 2 hr in vacuum at 700-900 qC has a dramatic effect on its high temperature mechanical properties [127, 
128]. Figure 39 shows the variation in high temperature hardness with annealing temperature. Without prior 
annealing the hardness of AlTiN increases slightly at 250 qC before decreasing at 500 qC. Bouzakis and 
co-workers also reported a complex dependence of hardness vs. temperature for a (Ti,Al)N coating with 
similar composition (Ti0.34Al0.66N), with a pronounced increase at 150-200 qC interpreted as dislocation 
pile up due to strain hardening [129]. Using dual-heating in the NanoTest [129] they recently reported on 
the high temperature nanoindentation of a 3 µm TiAlN coating on WC-Co with high (0.5 µm) surface 
roughness. The standard deviation and coefficient of variation versus temperature were determined to assess 
the reliability of the data. The scatter in the indentation depth at 15 mN was unsurprisingly higher than if 
the sample had been mirror polished but it increased only minimally as the temperature was increased from 
25 to 400 qC.  
 
The influence of the changes of the AlTiN coating mechanical properties from annealing (shown in figure 
39) on the relative life of coated cutting tools in different high speed machining applications has been 
studied. The machining operations were continuous high-speed turning of 1040 structural steel, interrupted 
turning of 4340 steel and end milling of H13 hardened steel. Annealing at 700 qC was found to improve 
tool life in all these conditions compared to the as-deposited coating. However when the annealing 
temperature was increased to 900 qC its effectiveness depended strongly on the cutting conditions. The 
longer tool life in high-speed turning of 1040 structural steel after annealing AlTiN at 900 qC has been 
attributed to the combination of high temperature at the tool/workpiece interface and relatively low stresses 
at the cutting zone. Under these conditions temperature-induced processes dominate on the surface of the 
tools and tool life is predominantly controlled by its hot hardness. In contrast, in interrupted cutting 
conditions toughness and plasticity appear more critical. In end milling high hot hardness and yield stress 
should be combined with improved plasticity and high temperature fracture strength for longer tool life. 
After annealing at 900 qC the resultant AlTiN coating does not display an optimum balance of these 
properties. Annealing at 700 qC gives the AlTiN coating optimum combination of properties for the 
interrupted cutting tests. It shows the best adaptive behavior with a combination of mechanical properties 
that provide a more stable environment for tribo-films to form and grow in interrupted cutting conditions 
than the coating after annealing at higher temperatures which display lower plasticity. 
 
Fuel Cell materials 
 
6ROLGR[LGHIXHOFHOOV62)&¶VDUHDQLQFUHDVLQJO\SRSXODUKLJKHIILFLHQcy form of energy conservation. 
Key to their performance and reliability is an hermetic seal which separates the fuel and air sides of the 
FHOO62)&¶VRSHUDWHDWDURXQGÛ&DQGDWWKLVWHPSHUDWXUHFUHHSRIWKHKHUPHWLFVHDOPDWHULDOFDQOHDG
to early failure. The following example shows how the rate of deformation under a fixed load (creep) of a 
glass-ceramic fuel cell seal material increases with increasing temperature [130]. High instrumental 
stability is required to undertake such measurements reliably. 
 
 Figure 40: Influence of temperature on indentation creep of a glass-ceramic fuel cell seal material 
 
In the same study, the glass-FHUDPLFVHDOPDWHULDOZDVVXEMHFWHGWRDWKHUPDO³SUH-DJHLQJ´SURFHVVZLWKWKH
objective being to improve stability of high temperature mechanical properties. Hardness and elastic 
PRGXOXV PHDVXUHPHQWV ZHUH XQGHUWDNHQ DW Û& 7KH PHDVXUHPHQWV ZHUH FDUULHG RXW LQ DQ DLU
environment and a cBN indenter was used as it would not oxidise at the testing temperature. 100 hours of 
thermal ageing results in the glass-ceramic exhibiting a smaller drop in elastic modulus with increasing 
WHPSHUDWXUH$VVXFKWKHDJHLQJSURFHVVHQKDQFHVWKHPDWHULDO¶VVXWDELOLW\IRUWKH62)&VHDODSSOLFDWLRQ 
 
 
Figure 41: Influence of temperature on the elastic modulus of a glass-ceramic fuel cell seal material 
previously thermally aged at 800 °C for 4h (open circles) or 100h (closed circles) 
 
6.4 Non-ambient temperature nano-scratch and nano-impact testing 
6.4.1 High temperature nano-scratch and friction testing 
In many engineering applications frictional heating results in a local increase in the temperature between 
contacting surfaces and in high speed dry machining temperatures may be 1000 qC or more. For 
convenience macro-scale scratch and wear testing of coatings is almost always performed at room 
temperature with unknown heating due to friction. A promising alternative approach is to perform 
mechanical and tribological tests with temperature control using heated stages and more moderate loads. 
Micro-scratch and micro-wear tests on wear-resistant coatings have been performed to 600 qC using R = 
25 µm diamond probes to apply loads 0.5-20 N. He and co-workers investigated the low load sliding of 
silver-bismuth alloys from room temperature to 280 qC [131]. Depending on the alloy composition they 
observed either (i) a sharp decrease in friction on melting, or (ii) a general increase in friction with 
increasing temperature.  
 
Diamond oxidises in air above ~500 qC, so the use of alternate indenter materials are required to extend the 
temperature range for applications such as high temperature solid lubricants, thermal barrier coatings and 
cutting tool coatings that require higher temperatures. In a more recent study Smith and co-workers used a 
WC-Co probe was used to study nanoscale friction on a range of TiN-based coatings at 25, 400 and 750 qC 
[132]. The tests were performed at very low contact pressure so that the ploughing contribution to the total 
measured friction, usually the dominant term at higher contact pressure, was minimised and the interfacial 
friction could be measured directly. A maximum in friction coefficient was observed at 400 qC (figure 42). 
The decrease in friction at 750 qC was associated with formation of lubricating surface oxides and 
oxidation-associated surface roughening.  
 
 
Figure 42: Variation in friction with temperature 
 
In addition to the elevated temperature nanoindentation, scratch and friction testing several other tests can 
be performed at temperatures of 500 qC using commercial instrumentation (NanoTest) as illustrated by 
Table 5 below. 
 
Table 5 nanomechanical tests at elevated temperature (after [132]) 
 
Technique Applications Maximum temperature/qC 
Nanoindentation Fuel cells 750 
Micro-pillar compression Si, Ni-based superalloys 665 
Micro-cantilever bending W and Si beams 770 
Nano-friction TiN-based coatings 750 
Micro-scratch and wear Tool coatings 600 
Nano-impact Tool coatings 500 
 
Micropillar compression at elevated temperature is gaining popularity and is a relatively simple way of 
understanding how deformation mechanisms are affected by temperature [43, 133-134]. Korte and Clegg 
[43] have reported micropillar compression of MgAl2O4 spinel at 25, 200 and 400 Û&, using a NanoTest 
with dual active heating of the diamond flat punch and the spinel sample. At 25 Û& only a small amount of 
plastic flow was observed before the pillars break. In contrast, pillars deformed entirely by plastic 
deformation DWDQGÛ&. The measured yield stresses were consistent with those obtained previously 
by compressing larger pillars under high confining pressure, implying that the micropillar compression 
technique may be a useful way to assess plastic flow in brittle materials. Decreasing the sample size has 
reduced the temperature at which plasticity is normally observed by ~1500 Û& 
 
As well as mechanical property determination, micro cantilevers can be used for brittle to ductile transition 
studies. In this case micro cantilevers are produced with a notch at their fixed end to act as a stress  raiser 
for crack initiation. The cantilevers are then loaded at a known distance from their fixed end until a pre-
determined deformation has is reached. Individual cantilevers are tested of the relevant temperature range 
until the transition from a ductile to brittle response is observed. 
 
 
Figure 43: Load-displacement traces from bend tests on silicon cantilevers DWDQGÛ&. 
 
At 110 Û&WKHORDGLQJVHJPHQWLVVHHQWREHHVVHQWLDOO\OLQHDUXQWLOEULWWOHIUDFWXUHRFFXUVDWDERXWP
GLVSODFHPHQW$WÛ&WKHORDGLQJLVLQLWLDOO\linear then the material starts to flow plastically, no fracture 
occurs. In both cases the experiments were configured to stop applying load once a displacement of 2 µm 
was reached. 
 
6.4.2 Sub-ambient temperature nanoindentation, nano-scratch and nano-wear testing 
When testing mechanical properties below ambient temperature it is just as important that sample and 
indenter are at the same temperature as it is in elevated temperature testing. Using dual cooling control 
Chen et al. reported the development of a prototype cold stage accessory for the NanoTest demonstrating 
its ability to investigate the local mechanical properties and the creep behavior of atactic polypropylene 
down to -30ºC [135]. The cooling system used incorporated a purging chamber to eliminate condensation 
during cooling and two Peltier coolers to achieve the isothermal contact. 7KHVXEDPELHQWWHVWFDSDELOLW\
KDV DOVR EHHQ XVHG WR LQYHVWLJDWH WKH QDQRWULERORJLFDO DQG QDQRPHFKDQLFDO SURSHUWLHV RI D IXQFWLRQDOO\
JUDGHGD&+7L7L&17L17LFRDWLQJIURP&WR±&>@7KHFRDWLQJIDLOHGE\FUDFNLQJDQG
VSDOODWLRQLQWKHURRPWHPSHUDWXUHQDQRVFUDWFKWHVWV$QDO\VLVRIIUDFWXUHVHFWLRQVVKRZHGWKHVHIDLOXUHV
RULJLQDWHGIURPRUFORVHWRWKHLQWHUIDFHEHWZHHQWKHWRSD&+7LOD\HUDQGWKH7L&1OD\HU,QWHUHVWLQJO\
GHFUHDVLQJWKHWHVWWHPSHUDWXUHLPSURYHGLWVSURSHUWLHV7HVWLQJDW&UHVXOWHGLQDQLQFUHDVHLQ++(U
DQG +(U FRQVLVWHQW ZLWK LPSURYHG FUDFN UHVLVWDQFH DQG ZHDU UHVLVWDQFH ZLWK IXUWKHU PRGHVW
LPSURYHPHQWVZKHQWKHWHVWWHPSHUDWXUHZDVUHGXFHGWR& 
6.4.3 High temperature nano-impact testing 
 
Elevated temperature nano-impact tests have been performed for hard coatings and polymeric materials. 
Fracture probability data from nano-impact tests at 500 qC on TiAlN and AlTiN coated WC-Co inserts 
have been shown to correlate with the plasticity index and cutting tool life data [137]. The nano-impact test 
is sensitive to changes in the viscoelastic behavior of polymers as the test temperature is altered relative to 
the glass transition temperature. Constantinides and co-workers performed nano-impact testing on PS and 
PC from well below to well above their glass transition temperature ranges (testing from 20-180 °C) [138]. 
They found that the coefficient of restitution e decreased only very slightly over the temperature range 0.2-
1.0 T/Tg for both polymers. However, for temperatures exceeding the glass transition temperature (i.e. 
T/Tg>1) the capacity of the materials to dissipate the energy of impact greatly (e decreases) increases  
 
7. Summary and Outlook 
Technological developments over last few decades have introduced new and powerful techniques into the 
field of nanomechanical testing of materials enabling the scale of experiments to be drastically decreased 
in terms of applied loads, relative displacements and contact pressures. Improved resolution, calibration 
and efficiency of existing techniques and development of new tools have allowed highly localised and 
accurate mechanical property information to be obtained.  
 
Small scale tribological experiments bring new opportunities to investigate the interaction between surfaces 
and help to build fundamental understanding of friction, lubrication and wear of materials at the single 
asperity contact. This type of experiments requires specific, high resolution equipment and methods with 
good stability and ultra-low drift. The range of available nanomechanical testing techniques has drastically 
expanded beyond simple nanoindentation, including more complex mechanical testing scenarios including 
nano-scratch and nano-wear experiments. This has been driven by novel materials development and new 
application challenges but also by further expansion of commercial testing platforms capability. 
 
As a result of expanded nanomechanical testing landscape, novel applications and methods have emerged. 
This includes improved tribological techniques as experiments at smaller length scales allow tribologists to 
build fundamental understanding of frictional processes. Accelerated wear-testing and thin-film 
applications small scale fretting experiments are some of these areas as discussed earlier in this chapter. 
 
Future challenges for nanomechanical testing require experiments in more severe test environments, 
including extreme low and high temperatures, various liquids, vacuum conditions and ability to handle 
increased energy densities. There will be also a constant pressure on equipment manufacturers to innovate 
with novel solutions allowing closer simulations of the real contact conditions in applications like MEMS 
and responding adequately to evolving miniaturisation of mechanical systems and emerging areas such as 
bio-engineering. Improved integration of measurement data obtained from mechanical testing seems to be 
increasingly a key part in providing reliable inputs for predictive surface damage models. Enhanced 
numerical models based on reliable mechanical data should not only allow better analysis of tribological 
experiments but also to forward simulate such tests and provide hints for better component life-time 
predictions. 
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